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Abstract 

ABO3 perovskite oxides containing cations of mixed and identical oxidation states at A- and B-

sites are attractive candidates for high-temperature thermochemical energy conversion processes. 

The structural and thermochemical properties, and hence defect thermochemistry of such 

perovskites strongly depend on the identity of their A-site and B-site cations. Analyzing their 

temperature-dependent thermochemical and reduction properties can reveal their applicability for 

high-temperature energy applications, including solar thermal water splitting, solid oxide fuel 

cells, mixed ionic and electronic conduction processes etc. Since the typical A-site cations are 

comprised mainly of alkaline, alkaline-earth or rare-earth elements, and B-site cations mostly 3d, 

4d, and 5d transition metals from the periodic table can form ABO3 perovskite structure, thus 

identifying the generalized trends in the physical and chemical properties of ABO3 perovskite 

could reveal a way to estimate the similar properties for other perovskite oxides that have not yet 

been investigated.  

Towards understanding the generalized trends in the structural, thermochemical and reduction 

properties of ABO3 perovskite with cations of mixed oxidation states at A- and B-sites, cubic 

BaMO3 (M = Ti − Cu) perovskites have been investigated by first-principles calculations. Similar 

analysis has been accomplished for cations of identical oxidation states at A- and B-sites with 

cubic RCoO3 (R = La, Ce, Nd, Sm). The structural and thermochemical properties of BaMO3 and 

RCoO3 perovskites have been characterized by first-principles calculations to reveal the influence 

of A-/B-site cations among the respective group of perovskites. In addition, the effect of oxygen 

vacancies and temperatures on reduction properties of BaMO3 and RCoO3 have been studied. The 

following conclusions have been drawn from the identified generalized trends in BaMO3 and 

RCoO3. 
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The formation energies of ABO3 cations have a linear correlation with their atomic number of 

A-/B-site cations, whereas the formation energies have a significant inclination with the increasing 

atomic number of B-site cation for a given period in BaMO3 series, but have minor increases with 

the increasing atomic number of A-site cation in RCoO3 series. Similar to the formation energies, 

the oxygen vacancy formation energies increase to the greater extent with the increasing atomic 

number at B-site in BaMO3-, but to a lesser extent with the increasing atomic number at A-site in 

RCoO3-. However, the incorporation of thermal corrections into reduction free energies of 

BaMO3- and RCoO3-, led to a significant deviation from their reduction properties without 

thermal contributions. A comparison of calculated entropic contributions into oxygen-deficient- 

and defect-free-ABO3 perovskites demonstrate that the oxygen vacancies have substantial effects 

on the entropic contributions, which ultimately influence the temperature-dependent reduction 

properties of BaMO3 and RCoO3. On the other hand, at an equivalent temperature the 

thermochemical properties such as entropy, specific heat and relative molar enthalpy, show a 

consistent increase from Ti to Cu at B-site in defect-free BaMO3, while reverse trends are observed 

from La to Sm at A-site in RCoO3. The physical origins of all these generalized trends are 

elucidated via the electronic structure analysis and phonon mode analysis. Rationalizing the role 

of A-site and B-site cations in BaMO3 and RCoO3 perovskite series reveal that, the B-site cation 

has dominant effects on the structural, thermochemical and reduction properties of ABO3 

perovskites. 
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Chapter 1: Perovskite Oxides for High-Temperature Energy Conversion Processes  

 

1.1 Introduction  

The development of new energy technologies to produce sustainable and clean energy have been 

gaining more importance over the last few decades. Worldwide strong economic growth, 

population expansion in the developing nations, and uncertainty and shortage of oil production 

drive the global energy crisis at an alarming rate. Therefore, the exploration of new energy 

resources is crucial to meet the current global energy demand and produce energy sustainably into 

the future. Ongoing research aims to achieve an efficient conversion of chemical energy in the 

form fossil fuel resources and derivatives by a broad range of energy applications such as solar 

thermochemical water splitting (STWS), solid oxide fuel cell (SOFC), and thermochemical heat 

storage. High-temperature routes are of particular interest because of its increased efficiency and 

accelerated chemical reaction rates. This thesis proposes a novel computational methodology to 

obtain structural, thermochemical and reduction properties of stoichiometric and 

nonstoichiometric perovskite metal oxides related to high-temperature alternative energy 

conversion processes. 

In this context, the structural properties of ABO3-type perovskite oxides are discussed. 

Additionally, the basic principles of the two most relevant high-temperature energy applications, 

STWS and SOFC, are highlighted by considering their energy conversion efficiencies and 

production rates. Furthermore, materials conventionally used for STWS and SOFC are also 

discussed in terms of their performances, efficiencies and limitations. In addition, ABO3-type 

perovskite oxides are reviewed and shown to overcome these limitations in certain cases. 

Moreover, first-principle studies of perovskite thermochemical properties are summarized and 
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critically discussed. This chapter concludes with a statement of the knowledge gap addressed in 

this thesis and an overview of the project aims. 

 

1.2 Structure of ABO3-Type Perovskite Oxides 

Perovskite materials have gathered a great deal of attention over the last ten years due to their 

tunable structure-property relationships. The first reported perovskite was calcium titanate 

(CaTiO3), discovered as a natural mineral in 1839 by the Russian mineralogist Lev Perovski. The 

perovskite structure contains two cations of very different sizes, with an anion that bonds to both 

(Fig. 1.1). The A cation is 12-fold coordinated with oxygens while the B atom is 6-fold 

coordinated.[1] Ideal perovskite oxides are cubic (Fig. 1.1(a)) but can exhibit orthorhombic (Fig. 

1.1(b)), rhombohedral (Fig. 1.1(c)) and hexagonal (Fig. 1.1(d)) crystal structures. Different 

elements can occupy the A and B sites of the perovskite according to their ionic radius. Perovskites 

featuring multiple A-site or B-site cations in the same sublattice (e.g. (AA′)(BB′)O3 or AA′BB′O6) 

are called doped perovskite or double perovskites. The radii of A-site cations are generally larger 

(typically falls between 1.10 and 1.80 Å) than those of B-site cations (between 0.62 and 1.00 Å) 

due to their respective valence states.[1] The crystalline structure of ABO3 perovskites can be 

predicted using the Goldschmidt tolerance factor (t), 

 𝑡 =
(𝑟𝐴  +  𝑟𝑂)

√2(𝑟𝐵  +  𝑟𝑂)
 (1.1) 

where, 𝑟𝐴, 𝑟𝐵,  𝑟𝑂 are the relative ionic radii of the A-site cations, B-site cations and the O2- anions 

respectively. The most stable perovskite structures are generally found in the range of 0.85 < t < 

1.10.[2, 3] When 0.9 < t < 1.0, perovskites are cubic in structure at ambient conditions. If the cation 

radius of A decreases and/or B increases (i.e. 0.71 < t < 0.9), the perovskite crystal structure will 

form an orthorhombic/rhombohedral phase at ambient conditions, whereas hexagonal phases are 
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formed for 1.0 < t <1.10. It is noted that at temperatures relevant to high-temperature SOFC and 

STWS operating conditions, the most stable perovskite phase is cubic.[2] 

  

Fig. 1.1 Schematic of ABO3 perovskite structures in (a) cubic, (b) orthorhombic, (c) 

rhombohedral and (d) hexagonal phases. Atoms: A (green), B (blue) and O (red). 

 

1.3 ABO3 Perovskites in High-Temperature Energy Applications 

ABO3 perovskites have great diversity in their properties, making them attractive candidates for 

important high-temperature energy applications such as STWS,[4-6] SOFC as cathode, anode and 

electrolyte materials,[3, 7-15] mixed ionic and electronic conductors (MIEC),[16] solid-state gas 

sensors,[17, 18] membrane separation,[19] oxidation of CO, hydrogen, hydrocarbon and NOx 

decomposition.[20-23] Regarding this Thesis, the two that are most relevant are arguably STWS and 

SOFC, for which comparably fast energy conversion efficiency with higher production rates are 

demonstrated.[24, 25] For this reason, these technologies, and the materials underpinning them, are 

first reviewed before the more technical aspects of perovskite materials are considered below. 
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1.3.1 High-Temperature STWS 

1.3.1.1 Principles of STWS 

Hydrogen can be produced using concentrated solar radiation via single-step, two-step and multi-

step pathways. In single-step water splitting, solar heat energy is used to thermally dissociate 

water, producing H2 and O2 at high-temperature (>2500 K).[26] 

 H2O → H2 +
1

2
O2 (ΔH° = 284 kJ/mol H2) (1.2) 

Although one-step direct thermolysis of water has the potential of high theoretical hydrogen 

conversion efficiency,[27] this process is impractical due to the required temperature. Additionally, 

separating H2 and O2 gases at this temperature is thermodynamically unfavorable. The latter 

problem can be averted by using rapid cooling separation techniques. However, cooling will 

introduce a large temperature swing between reaction and separation steps, ultimately leading to 

the irreversibility of the operation cycle. 

An alternative strategy that circumvents these issues is the production of H2 and O2 via a two-

step thermochemical redox reaction (Fig. 1.2). In two-step STWS processes, water is decomposed 

thermally in the presence of sunlight, typically using a metal oxide.[28-30] In the first step, a 

reducible metal oxide is heated to high temperature via an endothermic reaction, 

 MOx → MOx−δ +
δ

2
O2 (1.3) 

In the second step, exothermic oxidation of the reduced metal oxide MOx−δ with water produces 

H2, 

 MOx−δ + δH2O → MOx + δH2 (1.4) 

For the initial endothermic reduction, the metal oxide must be heated (>1250 K) by sunlight, thus 

halving the temperature required compared to direct thermolysis of water using concentrated solar 
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radiation.[26, 31-33] In both the reduction and oxidation reactions equations, (1.3) and (1.4) 

respectively, the single factor limiting efficiency is the metal oxide itself, which determines how 

efficiently the solar spectrum can be captured and converted.[34-38] In multi-step STWS cycles, the 

reduction temperature can be lowered significantly compared to single and two-step processes. A 

brief overview of several 3-step water splitting cycles can be found in references.[39-42] 

 

Fig. 1.2 Conceptual scheme of a generic two-step STWS cycle, where metal oxide is heated with 

concentrated solar energy to some elevated temperature, and then reduced metal oxide is quenched 

to a lower temperature and exposed to steam.[43] Reprinted under the open-access license by MDPI. 

 

1.3.1.2 Traditional STWS Redox Materials 

The redox materials traditionally used for driving STWS (equations (1.3 − 1.4)) have been 

transition metal oxides such as ceria, iron oxide and hercynite (FeAl2O4). In this context, an “ideal” 

STWS metal oxide need to reach the following properties:[44] 

(i) The optimum redox temperature range in between 1200-1800 K and minimum ∆T (0 <

∆T <  400 K).[45] 

(ii) High redox capability and corresponding production capacity. 
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(iii) Fast redox kinetics and maintain consistent redox cycles. 

(iv)  Chemical and physical stability at operational temperatures/pressures. 

(v) Large abundance, low toxicity and low cost. 

 

In this respect, CeO2/CeO2- based STWS represents the current state-of-the-art (with an overall 

solar-to-fuel efficiency ~ 11%); however, it requires high operating temperature (>1700 K).[46] 

Doping ceria with other metals such as Zr, lower the reduction temperature between 1400 – 1700 

K and increase H2 production,[47, 48] however, the hydrogen production capacity of ceria is still 

insufficient for commercial applications.[44, 49] Fe3O4/FeO redox materials are generally promising 

due to their high theoretical solar-to-H2 conversion capability. Nevertheless, the reduction 

temperature of Fe3O4 implies a partial melting of the iron oxide that impedes its use for extended 

cycles.[50] The thermal reduction of ZnO using concentrated solar energy requires high temperature 

(~2300 K).[51] While this temperature could be lowered to ~1573 K[52] by operating the 

endothermic step (equation (1.3)) under a N2 flow of 100 ml/min, the product Zn in the gas phase 

and oxygen of this reduction reaction requires further separation to avoid recombination. For the 

SnO2/SnO redox cycle, SnO2 is reduced at ~1573 K but tends to form SnO via partial reduction, 

instead of Sn, ultimately reducing H2 production.[53] W/WO3, CaO/CaSO4, SrO/SrO4, Cd/CdO, 

In/In2O3 and their corresponding hybrid cycles (involving electrochemical step) undergo reduction 

at comparatively low temperatures, but the high temperature difference between reduction and 

oxidation reactions cause the active metal oxides to experience thermal fatigue due to frequent 

heating and cooling, ultimately limiting the utility of these materials.[39] 
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1.3.1.3 Perovskite Oxides for STWS 

The traditional metal oxides utilized in STWS commonly require excessive reduction 

temperatures, or relatively low non-stoichiometries (and hence lower yields). Additionally, in 

some other cases, there are large temperature swings between the reduction and oxidation 

reactions, further lowering H2 yields due to energy loss.[45, 54] These shortcomings have driven the 

search for new redox materials with a potential to provide more favorable thermochemistry, and 

ultimately more H2 fuel.[44]  

ABO3 perovskites show great potential as STWS redox materials, due to their unique structural 

features, high chemical/thermal stabilities and ionic conductivities.[2, 3, 55-57] Their chemical and 

electronic properties can easily be modified via chemical doping at either the A or B sites or both. 

Fig. 1.3 shows a schematic of STWS based on ABO3 perovskite materials. ABO3 can be reduced 

under solar-driven, high-temperature conditions, to produce oxygen (/2 O2) and reduced metal 

oxide (ABO3-δ). This reduced metal oxide can subsequently be oxidized by water, to release heat 

and hydrogen (H2) via an exothermic reaction. 

 

Fig. 1.3 Conceptual scheme of STWS reduction and oxidation reactions using ABO3 perovskite. 
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The structurally stable ABO3 perovskite-type oxide can tolerate defects at the A- (A1-xBO3), B- 

(AB1-xO3), and oxygen- (ABO3-) -lattice sites to considerable extents. Partial substitution of A or 

B cation with higher or lower valence state also introduces lattice defects, such that charge 

neutrality is maintained in the crystal structure. In order to compensate for electrical neutrality, 

some ions diffuse from one site to another through the defects in the crystal lattice, provided they 

have sufficient energies to overcome the associated diffusion barriers. Notably, oxide ions migrate 

to the vacant lattice sites from their original sites at elevated temperature. For example, partial 

substitutions of Ca2+ on LaAlO3 and Al3+ on CaTiO3 formed La1-xCaxAlO3-δ and CaTi1-xAlxO3-δ 

compositions respectively, which lead to oxygen ion vacancy formation in order to maintain 

charge neutrality in the crystal.[58, 59] At various cation concentrations, oxide ion conductivity was 

dominant at elevated temperatures.[60] 

La-based perovskites (LaXO− with X = Mn, Al, Co or mix of them) have been extensively 

studied for solar-driven thermochemical water splitting. For instance, Scheffe et al.[61] first 

investigated Sr-doped LaMnO− perovskites (LSM) such as La1-xSrxMnO− (x=0.3, 0.35, 0.4) for 

H2O splitting and demonstrated that LSM has thermodynamically favorable reduction compared 

to ceria at temperature ranges 1523-1923 K. McDaniel at al.[62] used LaAlO3 with additional 

doping of Sr2+ on the La-site and Mn2+/Mn3+/Mn4+ on the Al-site for STWS cycles. They found 

that LaxSr1-xAlyMn1-yO3-δ (SLMA) materials gave even better H2 yields than LSM perovskites. 

Unlike the LSM compositions, SLMA compositions produce nine times greater H2 yields 

compared to ceria at reduction temperature of 1623 K and re-oxidation temperature of 1273 K (see 

Fig. 1.4(a)). Demont et al.[56] also reported LSM materials with 35% and 50% Sr doping at the A-

site (see Fig. 1.4(b)). However, these perovskites exhibited slower kinetics compared to ceria, 

possibly due to the lower enthalpies of oxidation. 
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Fig. 1.4 (a) SLMA perovskites produce higher H2 than ceria at reduction temperature 1623 K 

and oxidation temperature 1273 K.[57] Reprinted with permission from Elsevier®. (b) H2 production 

capacities by perovskites in STWS cycles.[63] The green bars indicate the maximum fuel 

production by La0.5Sr0.5MnO3 under operating conditions. Reprinted with permission from ACS 

Publications®. 

 

A further study of LSM by substituting Mn3+ with trivalent cations Al3+, Sc3+ or Ga3+ revealed 

that 5% Sc-doped LSM (La0.5Sr0.5Mn0.95Sc0.05O3-δ) outperforms the other two dopants in fuel 

production, even during multiple cycles due to the size of Sc3+, which enhances O2- mobility and 

the oxygen vacancy ratio.[64] Furthermore, Dey et al.[65] showed that replacing Sr2+ with Ca2+ on 

the A-site in LaMnO− (La0.5Ca0.5MnO−) can enable greater  evolution compared to LSM, and 

subsequent superior H2 fuel production. The orthorhombic crystal structure of 

La0.5Ca0.5MnO− enhanced the catalytic activity more than the rhombohedral LSM, due to the 

distortion of MnO6 octahedra. Sr- and Ca-doped RMnO3 (R=Y, La, Nd, Sm, Gd, Dy) have also 

been investigated for thermochemical H2O and CO2 splitting,[65] where Y0.5Sr0.5MnO3 have been 

found to produce fuel remarkably at low redox temperature (reduction at ~1473 K and oxidation 

at ~1173 K), which was attributed to the high distortion and mismatch between the radii of R3+ 
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and Sr2+. Furthermore, Cooper et al.[66] revealed that doping the A-site of LaMnO− by Sr2+/Ca2+, 

and the B-site by Al3+ increased the reduction capacity by up to a factor of 13 times at temperatures 

between 1473 and 1673 K. Sr- and Cr-doped LaCoO3 perovskites, such as 

La0.6Sr0.4Cr0.8Co0.2O− were also identified as strong candidates, outperforming CeO3 by a factor 

of ~25 in terms of fuel production.[67] 

More recently, Wang et al. experimented with Ca-doped La-based perovskites, such as, La1-

xCaxCoO3 (x=0.2−0.8),[68] La1-xCaxMnO3 (x=0.2−0.8),[68] and  La1-xCaxMn1-yAlyO3 (x, 

y=0.2−0.8),[69] and, respectively found that La0.6Ca0.4CoO3, La0.6Ca0.4MnO3, and 

La0.6Ca0.4Mn0.6Al0.4O3, have lower reduction temperature compared to ceria, still maintaining the 

higher H2 production rates under certain experimental conditions. Other La-based perovskites, 

such as La0.6Sr0.4BO3 (B=Cr, Mn, Fe, Co, Ni),[70] and La1-xAxMn1-yByO3(A=Ca, Sr, Ba; B=Al, Ga; 

and x=0, 0.4; y=0, 0.2)[71] have also been systematically investigated. The highest production 

capacities were obtained with La0.6Sr0.4CoO3 and La0.6Ca0.4Mn0.8Ga0.2O3 compositions. 

Although several doped ABO3 perovskite materials are identified as promising candidates for 

solar-driven thermochemical fuel production (as detailed above), very few undoped perovskites 

are reported in the literature as STWS materials. 

 

1.3.2 High-Temperature SOFC 

1.3.2.1 Principles of SOFC 

SOFC converts chemical energy directly to electric energy at high temperature with high 

efficiency (50-60%) while maintaining environmental compatibility.[72] Due to a simple functional 

design, long-life times (40, 000 − 80, 000 h), ability to tolerate impurities to enhance performance 

and overall efficiency, SOFC is considered an emerging technology for power generation from 
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fuel. SOFC consists of three layers of functional materials where an anode and a cathode are 

separated by an electrolyte (Fig. 1.5). 

 

Fig. 1.5 Scheme of a solid oxide fuel cell composed of a cathode, an anode and an electrolyte. 

 

The cathode side typically contains air or oxygen, and the anode is fed by fuel. When power is 

applied externally to the cell, the air in the cathode side combines with electrons returning from 

the load by forming O2-, 

 1/2O2(g) + 2e− → O2− (1.5) 

O2- then migrates through the dense electrolyte to the anode side, where they react with entering 

fuel at the anode. The electrolyte only allows the flow of charged ions from the cathode to anode 

but prevents electron conduction. Commonly, if the entered fuel is H2 or CO at the anode side, 

then it becomes positively charged ions and combines with O2- to produce H2O or CO2 respectively 

which drains from the cell. During the oxidation reaction at the anode side, electrons are released 

and flow via the external load to the cathode side, which further reacts there in oxygen reduction. 

In this way, electrical power can be generated throughout the cell. 
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 H2(g) + O2− → H2O(g) + 2e− (1.6) 

 CO(g) + O2− → CO2(g) + 2e− (1.7) 

SOFC can be categorised into three types based on their operational temperature: high-

temperature SOFC (HT-SOFC, T>~1,300 K), intermediate-temperature SOFC (IT-SOFC, 

~900<T<~1,300 K), and low-temperature SOFC (LT-SOFC, T<~900 K).[73-75] While high 

operational temperature is beneficial for overall SOFC performance, it results in higher thermal 

fatigue to the cell components. Thermal stresses could be reduced by choosing SOFC components 

with similar thermal expansion characteristics. On the other hand, while lowering the operation 

temperature reduces thermal degradation, it decreases oxide ion conductivity significantly. Thus, 

more active electrode materials, possessing possess higher conductivity and electrocatalytic 

activity at these temperature ranges are desirable. 

 

1.3.2.2 Traditional SOFC Materials  

The choice of the anode, cathode and electrolyte are the most important factors influencing SOFC 

performance.[74] Each SOFC component has several functions to perform during redox reaction in 

the cell and therefore must meet certain requirements. For instance, cathode materials facilitate O2 

adsorption, O2- formation, and O2- transport to the electrolyte in an oxidising environment. 

Therefore, an ideal cathode material for SOFC must exhibit the following physical and chemical 

properties:[25, 76, 77] 

(i) Superior electronic conductivity and significant ionic conductivity to assure both electron 

and oxygen ion transport. 

(ii)  High catalytic activity for oxygen reduction reactions. 

(iii) Compatible thermal expansion coefficient with typical electrolyte and interconnect. 
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(iv)  Adequate porosity to allow mass transport of oxygen from the gas phase to the cathode-

electrolyte interface. 

(v) Morphological, chemical and thermal stability under operating conditions. 

 

The oxidation of fuel takes place in the anode material, which facilitates fuel access along with 

product removal. Thus, an effective anode of SOFC must meet several criteria:[78, 79] 

(i) Excellent electrocatalytic activity. 

(ii) High electronic and ionic conductivity. 

(iii) Stability under strong reducing environment. 

(iv)  Proper porosity to allow fuel transportation and drainage of oxidation by-products. 

(v)  Compatibility with electrolytes and interconnect. 

 

The electrolyte plays the most important role in SOFC by flowing ion conduction between cathode 

and anode and simultaneously blocking electronic conduction. Therefore, the following important 

characteristics are required for an efficient SOFC electrolyte:[77, 80] 

(i) It should have a strong, thin and dense membrane to reduce ionic resistance. 

(ii) High ionic conductivity. 

(iii) Low electronic conductivity. 

(iv)  Good mechanical and chemical stability in both oxidizing and reducing environments. 

(v)  Matching thermal expansion coefficients with electrodes and interconnects. 

 

R2NiO4+x (R=La, Pr, Nd) has been studied as cathode materials for SOFC due to their superior 

diffusivity of interstitial oxygen ions at high temperature.[81] The thermal expansion coefficients 
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of La2NiO4 are compatible with yttria-stabilized zirconia (YSZ) and gadolinium-doped ceria 

(GDC) electrolytes, and the transport properties of this materials can be tuned by doping both La 

and Ni sites. Doped La, Gd, Sr, Y and Pr are the most common cathode materials used in SOFC. 

A brief overview of all these materials can be found in the review article presented by Wincewicz 

et al.[82] 

Subsequently, the most common anode materials used in SOFC with YSZ are Cu, Ru, Cu-Ni, 

Cu-Co, and yttria-doped ceria.[83] Cu-GDC, Cu-Ni-GDC, Cu-CeO2-ScSZ (scandia-stabilized 

zirconia-ScSZ) were also identified as potential anodes with better performance, low cost and easy 

synthesis techniques compare to other traditional SOFC anode materials.[84] Despite their 

popularity as electrodes, their incompatibility with certain electrolytes and unfavorable redox 

reactions at high temperature has led to the development of alternative materials that overcome 

those limitations, such as perovskite-based cathode, anode and electrolyte components for 

SOFC.[3] 

YSZ is a state-of-art electrolyte material in SOFC because of its excellent stability in redox 

environments and long-life cycle. However, it suffers the drawback of low ionic conductivity and 

incompatibility with some cathode materials.[75] GDC enables MIEC at low oxygen partial 

pressure and good compatibility with cathode materials. However, its low electron conduction at 

low oxygen partial pressure and mechanical instability limit its performance in SOFC applications. 

On the other hand, Sc-doped ZrO2 offers significant ionic conductivity and excellent stability in 

reduction and oxidation environments, meaning greater cyclability. However, the cost of this 

material (due to the limited availability of Sc) is its greatest impediment. 
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1.3.2.3 Perovskite Oxides for SOFC Components 

Perovskite oxides have been widely studied as cathode, anode and electrolyte components in 

SOFC, where most of the components contain A-site cations of rare earth (such as La, Ce, Sm) or 

alkaline earth (such as Ca, Sr, Ba) elements or a mixture thereof, while B-site cations are mostly 

3d transition metals (such as Ti, Cr, Mn, Fe, Co, Ni, Cu).[3, 85] For instance, La-based perovskites 

such as, LaCrO3, LaMnO3, LaFeO3, LaCoO3, LaNiO3 with partial substitution of alkaline-earth 

cations in A-site (Mg, Ca, Sr, Ba), have been extensively studied as SOFC cathodes in the 

literature.[86-89]. Ohno et al.[86] examined the electronic conductivity of R1-xAxMO3 (R: lanthanide, 

A: alkaline-earth metal, M = Co, Cr, 0<x<1) and showed that La1-xCaxCoO3 exhibits the highest 

utility as electrodes in high-temperature SOFC. Isaacs and Olmer[87] studied La0.5Sr0.5FeO3, 

La0.8Ba0.2CoO3 and La0.95Mg0.05Cr0.85Al0.15O3, and identified La0.5Sr0.5FeO3 as most active 

catalytic materials for oxygen reduction. 

Accordingly, Yamamoto et al.[88] inspected the electronic conductivity and polarization of 

sputtered La1-xSrxMO3 (M = Cr, Mn, Fe, Co) electrode on YSZ (Fig. 1.6(a)) and found 

La0.7Sr0.3MnO3 to be the most suitable electrode at ~ 1073 K due to its high electronic conductivity, 

oxygen reduction capability and chemical stability with YSZ. Hammouche et al.[90] systematically 

investigated the structural and thermal properties of La1-xSrxMnO3 (x=0 – 0.5) with varying the 

concentration of doped-Sr and found that the electrochemical activity of this composition 

improved with the increasing doping concentration. Jiang reviewed La1-xSrxMnO3 materials in 

terms of their complex function of structures, oxygen deficiencies, and interesting electrical, 

thermal, mechanical properties and electrochemical performances prominent for SOFC cathode. 
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Fig. 1.6 Comparison of temperature-dependent electrical conductivity (σ / S cm-1) in the open air 

with the combination of rare-earth and alkali-earth elements mixture of A-site cations and 3d 

transition metal at B-site cations: (a) LaCoO3 and La0.7Sr0.3MO3 (M = Cr, Mn, Fe, Co).[88] 

Reprinted with permission from Elsevier®. (b) R0.6Sr0.4CoO3 (R = La, Pr, Nd, Sm, Gd).[89] 

Reprinted with permission from ECS®. 

 

The high-performance stability of LSM materials based electrodes was attributed with the cation 

vacancies reduction under SOFC operating conditions which significantly enhances the sintering 

resistance of these materials.[91] Although LSM has been widely used as a cathode in HT-SOFC 

due to its high electrical conductivity and catalytic activity in oxygen reduction reactions, high 

thermal stability and compatibility with common SOFC electrolytes, there are several limitations 

of this material. One of the main limitations of LSM is its increasing polarization resistance (<1 to 

2000 Ω  cm2) with decreasing temperature from 1300 to 800 K, which limits its viability for IT-
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SOFC.[83] Nevertheless, among various investigated cathode materials, till today, La0.8Sr0.2MnO 

is considered the state-of-the-art cathode material for HT-SOFC.[92] 

Lee and Manthiram[89] synthesized R0.6Sr0.4CoO3 (R = La, Pr, Nd, Sm, Gd) perovskite oxides for 

IT-SOFC cathodes based on their ionic and electronic conductivity (Fig. 1.6(b)). They reported 

optimum electrocatalytic activity for Nd0.6Sr0.4CoO3 due to opposite trends between the thermal 

expansion coefficients and the electrical and oxide ion conductivities from La to Gd in 

R0.6Sr0.4CoO3. More recently, RxBa1-xCo0.7Fe0.3O− (R = La, Pr, Nd, x=0.1, 0.2) were 

experimentally and theoretically characterized for IT-SOFC and found that partial doping of Ba 

cations by rare earth elements at A-sites, stabilize the cubic structure and enhance the catalytic 

activity for the oxygen reduction reaction.[92] More recently, La0.2Sr0.25Ca0.45TiO was identified as 

a multifunctional perovskite, where all the anode, cathode and electrolyte components can be made 

up by this material for LT-SOFC.[93] The multifunctionality of La0.2Sr0.25Ca0.45TiO as cathode, 

anode and electrolyte is achieved due to its variation in conducting behaviours at high and low 

oxygen partial pressures in oxidizing or reducing atmospheres. Intensive research has been carried 

out to discover high performance perovskite materials for LT-SOFC cathodes in the literatures, 

including La0.85Sr0.15Ca0.85Fe0.15O−,[94] SrCo0.8Nb0.1Ta0.1O−,[95] BaCo0.7Fe0.22Sc0.08O−,[96] 

Sr0.92FexTi1-xO− (x=0.25, 0.30),[97] and SrNb0.1Co0.9-xFexO−.[98] 

The requirement of electronic, thermal, mechanical and electrochemical properties for SOFC 

anode is identical with cathode materials except the oxidizing environments replaced by reducing 

conditions. Among the numerous perovskite materials, SrTiO3 is extensively characterized as a 

SOFC anode in the literature.[99] The electronic properties of SrTiO3 and its catalytic activity in 

reducing conditions can be tuned by partial substitution of Sr. For instance, La doping in the A-

site of SrTiO3 yields an electronic conductivity of nearly ~0.01 - 500 S cm-1 (minimum requirement 
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for SOFC anode ~10-100 S cm-1[99]) at 1100 - 1300 K with conditional oxygen partial pressure.[100] 

Ruiz-Morales et al. showed that partial substitutions of A-site cation by La and B-site cations with 

Ga and Mn in SrTiO3, exhibited superior catalytic performances for the oxidation of methane at 

high temperature competitive with state-of-the-art Ni-YSZ anodes.[101] 

Doping B-site with Al3+, Ga3+, Fen+, Mg2+, Mnn+ and Sc3+ within the parent perovskite 

La0.33Sr0.67Ti0.92B0.08O−, have also been investigated and claimed that dopants significantly affect 

the electronic conductivity, redox properties and electrocatalytic properties of this material.[102] 

Multivalent cation (eg. Fen+ or Mnn+) doping at B-sites reduces the conductivity significantly more 

than single valency cations due to their reduction in preference to the Ti3+ cations. In addition, 

tailoring LaMnO3, LaCrO3, or La1-xSrxCr1-yMyO3 (M = Mn, Fe, Co, Ni) compositions can bring 

the best SOFC anode catalysts.[103] For example, La1-xSrxMn0.5Cr0.5O− (x=0, 0.2) were identified 

as promising SOFC anodes due to their high stability in reducing and oxidizing environment.[8] 

Additionally, incorporation of other transition metals in  La1-xSrxCr1-yMyO (M = Mn, Fe, Co, Ni) 

was found to enhance the catalytic properties in the SOFC anode.[104] Other MIEC perovskites 

such as La0.6Sr0.4Co0.2Fe0.8O La0.3Sr0.7TiO−  La0.3Sr0.7Co0.07Ti0.97O−  were proposed as 

promising IT-SOFC anode based on their electrical and ionic conductivities.[8, 105] 

Sr- and Mn-doped LaGaO3 have been widely investigated as SOFC electrolytes because of their 

high ionic and low electronic conductivity, and stability in both oxidizing and reducing 

environments.[106] RGaO3 (R = La, Pr, Nd, Sm) were systematically investigated by 10% doping 

of Ca with R in the A-site and found that the oxide ion conductivity is the dominant factor and 

have a strong dependency on A-site rare-earth cations with an order of increase, Sm< Nd< La<Pr 

(Fig. 1.7(a)). However, the electronic conductivity of doped LaGaO3 was found to be dependent 

on A-site alkaline-earth dopants with an order of increase, Ca<Ba<Sr (Fig. 1.7(b)).[58, 107] Al-doped 
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CaTiO3 is proposed as a potential electrolyte due to its insulating character in reducing 

environments and high transport number.[108] Furthermore, BaCeO3, BaZrO3, SrZrO3 are identified 

as attractive electrolytes in SOFC applications.[3] Nevertheless, the development of SOFC 

components from the view of lowering the operational temperature require a systemic 

investigation of temperature effects on the redox properties of potential perovskite materials for 

SOFC technology. 

 

Fig. 1.7 (a) Electronic conductivity (σ / S cm-1) of Ca-doped RGaO3 (R = La, Pr, Nd, Sm).[107] 

Reprinted with permission from Elsevier®. (b) Electronic conductivity (σ / S cm-1) of doped 

LaGaO3 by alkaline-earth cations (Sr, Ca, Ba). [107]Reprinted with permission from Elsevier®. 

 

1.4 First-Principles Studies of Perovskite Oxides 

The high experimental cost has proved a major barrier to discover the high-temperature 

composition-structure-property relationships at the atomic level, considering the number of 
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conceivable materials based on the ABO3 perovskite structure. Moreover, the experimental 

development of novel perovskites without a priori knowledge of redox activity could be very time-

consuming. Advances in theory, computing hardware, and numerical algorithms have instead 

enabled new simulation-based methods for investigating the structure and properties of ABO3 

perovskites, in a relatively fast and cost-efficient manner. First-principles methods, such as density 

functional theory (DFT), can describe fundamental physical properties of materials at the 

molecular level, and domain-specific knowledge relevant to a particular application. These 

methods can explore thousands of potential materials via high-throughput approaches[109] similarly 

to machine learning (ML) approaches.[110] In the following sections, such first-principle 

approaches to the study and design of perovskite materials will be reviewed. 

 

1.4.1 Effect of A-site and B-site Cations in ABO3 Perovskites 

Calle-Vallejo et al.[111] used DFT (Generalized Gradient Approximation (GGA) - Revised 

Perdew Burke Ernzerhof (RPBE) exchange-correlation functional[112]) to study the trends in the 

stability of 20 fully oxidized ABO3 perovskites by predicting the formation energies (∆𝐺𝑓
0) of 

perfect crystal structures with Ba, Ca, Sr, Y and La metals at the A site, and 3d transition metals 

(from Ti to Cu) at the B site. Their results reveal that the ∆𝐺𝑓
0 of perfect ABO3 perovskites are 

linearly related to the atomic number of their B-site cation (see Fig. 1.8(a)). Further, this linear 

relationship was shown to depend on the oxidation state of the B-site cation, meaning that 

perovskites with the same oxidation states in A- and B-site cations (e.g. LaCoO3) are more stable 

than those with mixed oxidation states (e.g. BaCoO3). 
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Fig. 1.8 Trends between formation energies of perovskites materials with B and A site cations: 

(a) with the atomic number of B-site cation,[111] (b) with the similar B-site cations as shown in (a) 

and additional variation of A-site cation.[113] Reprinted with permission from Royal Society of 

Chemistry®. (c) The difference in change density distribution after O vacancy formation relative 

to the stoichiometric surface and the reference gas-phase O2 (given at the height of the transition 

metal ion).[114] Reprinted with permission from Wiley Online Library®. 

 

The stabilities of these perovskites also decreased more slowly along with the 3d series from Ti 

to Cu in B-site elements. Additionally, for a given B-site element the ∆𝐺𝑓
0 in each group of 
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investigated perovskites remained near-independent of A. For instance, the calculated ∆𝐺𝑓
0 of 

SrCoO3, CaCoO3, BaCoO3 were almost identical. However, these qualitative trends were observed 

only for alkaline-earth or rare-earth metal perovskites, and whether these trends extend to other 

families of perovskites remain an open question. A further study by Calle-Vallejo[110]
  accounted 

for the effect of the A-site into the ∆𝐺𝑓
0 of ABO3 consistent with his previous work.[115] This study 

also showed that perovskites comprising matched oxidation state in A- and B-site cations exhibited 

a lower difference in ∆𝐺𝑓
0 while those with different oxidation state cations (e.g. 2+ and 4+) have 

larger differences (see Fig. 1.8(b)). The lower oxidation state in the A-site cation yielded lower 

∆𝐺𝑓
0. These trends were rationalized in terms of the A–O and B–O interactions in the ionic crystal. 

Ezbiri et al.[114] further studied the effect of the B-site and A-site bonds with oxygen, using the 

same method to calculate Gibbs free energies of oxygen vacancy formation (∆Gv) of 12 perovskites 

(A=Sr, Ba, La; and B=Mn, Co, Ni, Cu). In contrast to the investigations of Calle-Vallejo et al., 

this work mostly focused on non-stoichiometric perovskites, for which more negative ∆Gv was 

attributed to the larger transition metal-oxygen bond length (e.g. Co-O in SrCoO3−δ as compared 

with Mn-O in BaMnO3−δ), which enables the formation of relatively stable oxygen vacancies. The 

performance of SrCoO3−δ in this respect was additionally correlated with the charge transfer from 

the O-2p orbitals to the 3d orbitals of the B-site cation. Specifically, the lower gap between these 

states in SrCoO3−δ, compared to other perovskites such as BaMnO3−δ, yields higher O2 exchange 

capacity (Fig. 1.8(c)). It was therefore proposed that SrCoO3−δ  could be an ideal material for solar 

thermochemical separation of O2. However, the potential of this material for water splitting 

applications remains unexplored. 
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Li et al.[1] employed DFT+U (GGA - Perdew-Burke-Ernzehof (PBE) exchange-correlation 

functional[116]) calculations to explore the structural stability and oxygen vacancy formation 

energies (𝐸𝑣) of nine lanthanum based perovskites (LaMO3, M = Sc-Cu) as a function of δ for 

methane partial oxidation. Except for LaFeO3−δ, the 𝐸𝑣 becomes less positive on moving from 

LaScO3−δ to LaCuO3−δ, indicating increased reducibility. LaFeO3−δ proved to be an exception here, 

by virtue of the stability of the d5 configuration obtained upon reduction of Fe3+, which is less than 

that for a Mn3+ B-site cation. In addition, Li et al.[1] have done geometric energy decomposition 

analysis by the description of 𝐸𝑣 as a function of two energy contributions: the removal of an 

oxygen from the crystal structure (Δ𝐸bond) and the relaxation of the structure in the presence of 

the oxygen vacancy (Δ𝐸dist). This work is also consistent with the previous works of Calle-Vallejo 

et al.[111] and Zeng et al.[113] 

Similar results were predicted using DFT+U (GGA-PBE) by Brown et al.[117] for the titanate 

perovskites CaTiO3, SrTiO3 and BaTiO3. These authors found that 𝐸𝑣 was proportional to the 

degree of geometrical distortion within the defective TiO2 sublattice, and this correlates with the 

size of the A-site cation (Ca2+ < Sr2+ < Ba2+). For Ca2+, vacancy defects in the (001) surface yield 

dramatic structural distortions, whereby TiO2 octahedra rotate toward an orthorhombic 

arrangement. The TiO2 sublattice in CaTiO3 effectively acts as a thermodynamic trap for oxygen 

vacancy defects, which incur prohibitively high 𝐸𝑣, but relatively small migration barriers. On the 

other hand, these results indicate that vacancy diffusion in SrTiO3 and BaTiO3 (which have larger 

A-site cations) is kinetically controlled. 
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1.4.2 Effect of Doping Both A-site and B-site Cations in ABO3 Perovskites 

Deml et al.[118] used PBE+U to predict Ev of SrxLa1-xMnyAl1-yO3−δ ((x, y)=(0.2, 0.4, 0.6, 0.8)) as 

a function of A-cation and B-cation substitution. Two mechanistic regimes for oxygen vacancy 

formation were identified: when xSr > yMn (regime 1) and xSr ≤ yMn (regime 2). Decreasing 𝐸𝑣 could 

be systematically achieved by increasing Sr content until it is equivalent to the Mn content. This 

led to the conclusion that the ideal material composition is Sr0.4La0.6Mn0.6Al0.4O3−δ with an 𝐸𝑣 

value of 2.6 eV. A material-independent 𝐸𝑣 range (1.8 < 𝐸𝑣< 2.4) was proposed to define suitable 

perovskites based on water splitting thermodynamics, with a reduction at 1623 K and p(O2) of 10-

5 atm and oxidation at 1273 K. The selected Sr0.4La0.6Mn0.6Al0.4O3−δ material has an 𝐸𝑣 larger than 

2.4 eV, which is related to the higher temperature and/or lower p(O2) required to be reduced. The 

𝐸𝑣 range proposed by Deml et al. enables high throughput pre-screening of new potential solar 

thermochemical water splitting based on 0 K energy calculations and neglecting explicit thermal 

corrections. The impact of thermal corrections relevant to redox materials operating conditions has 

not been explored deeply in this respect. 

In a separate study, Deml et al.[119] explored the effect of materials properties on 𝐸𝑣 and enthalpies 

of formation (∆𝐻𝑓) using Green function methods (i.e. GW theory) and DFT+U. The electronic 

bandgap (𝐸𝑔) calculated using either method enabled 𝐸𝑣 to be predicted via two different 

correlations (see Fig. 1.9), however, with different margins of statistical error. If this is compared 

with the values expected in the allowable range presented by Deml et al. (1.8 to 2.4 eV),[118] the 

deviation of this value implies an accuracy of ± 21.67% over the lower limit and ± 16.25 % over 

the higher limit. In another range of values observed in Fig. 1.9, the model accurately described 

98% of the oxides considered.[120] 
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Fig. 1.9 Predicted relationship between formation energy of a neutral oxygen vacancy (𝐸𝑣) and, 

in order of significance, oxide enthalpies of formation (∆𝐻𝑓); the midgap energy relative to the O 

2p band centre (EO-2p) + (1/2)Eg), and atomic electronegativities (⟨Δχ⟩). This linear correlation was 

shown for band gap values from both (a) GW, and (b) DFT+U calculations, reproducing calculated 

𝐸𝑣.[119] In the inset (b), the mean absolute error (MAE) of 0.39 eV shows the performance of 𝐸𝑣 

model resulting from a subset of 18 randomly chosen oxides (excluded from the predictive model) 

against 1800 oxides. (b) Reprinted with permission from ACS Publications®. 

 

Maiti et al.[121] used DFT (GGA - Perdew-Wang 1991 (PW91) exchange-correlation 

functional[122]) and in-situ X-ray diffraction (XRD) to investigate bulk and surface 𝐸𝑣 of La1-

xSrxFe1-yCoyO3−δ (x=0.2 or 0.5, y=0 or 0.5) along (100) and (110) planes. From their analysis, it 

was shown that increasing the Sr content in the A-site and decreasing Fe content in the B-site 

reduces 𝐸𝑣. In particular, 𝐸𝑣 in La0.5Sr0.5CoO3−δ is energetically the most favourable among the 

selected materials within the preferred energy zone (3.36 ± 0.5 eV). However, 𝐸𝑣 is likely site-

specific, with vacancy formation in the La layer being more favourable than in the Sr layer due to 
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facile electron redistribution in the former sub-lattice. For the La1-xSrxFe1-yCoyO3−δ perovskite 

family, comparison of CO2 adsorption strengths across the different pure and non-stoichiometric 

surface terminations revealed that La-O termination surface is more effective in converting CO2 

to CO. 

In a separate study, Maiti et al.[123] employed DFT (GGA-PBE) to assess the CO2 conversion 

capability for reverse water gas shift chemical looping using four major groups of perovskites: 

ABO3, AA′BO3, ABB′O3 and AA′BB′O3 (A = La, Ca, Sr, Ba; B = Cr, Mn, De, Co, Ni, Cu, Al, 

Ga). They achieved 100% selective CO generation from CO2 at the highest known rates (160 

moles min-1 g-1 of perovskite) at record low process temperatures of 723–773 K using La and Ca-

based perovskite oxides. They obtained a descriptor, shown in Fig. 1.10, of the 𝐸𝑣 fitted for mixed 

ABB′O3 and AA′BO3 that helped to describe the mixed perovskites AA′ BB′O3 similar to the work 

of Deml et al.[119] by using the enthalpy of formation and the binding energy obtained 

experimentally. They focus their study only on materials having an 𝐸𝑣 of 3.36 ± 0.5 eV where they 

found a few compositions with promising splitting performance. 

Sr- and Co-doped LaGaO3−δ was evaluated as efficient redox materials by both experiments and 

DFT calculations.[124] Both analyses revealed that Co doping at the B-site weakens the B-site 

metal-oxygen bonding, thereby enhancing the reduction reaction and hence the reduction 

temperature. 𝐸𝑣  of La1-xSrxGa1-yCoyO3−δ can also be tuned by tailoring the dopant concentration of 

Sr and Co content. This work aligned with the findings shown by Deml et al.[118] in the Sr and Mn 

doping effects. This material showed H2 production capacities 15 times higher than that obtained 

using ceria. 
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Mulmi et al.[125] reported Ba2Ca0.66Nb1.34-xFexO6−δ perovskite as a promising candidate for 

thermochemical CO2 splitting compared to the state-of-the-art material ceria. They used DFT+U 

(GGA-PBE) analysis calculations to predict the energy required for carbon deposition and iron 

carbide formation, similarly to Sastre et al.[126] with La-Fe based perovskites. The most stable 

configuration of 2O-C-Fe is trigonal planar while moving from that configuration required a higher 

𝐸𝑣 value. This work showed that the addition of Ca increased 𝐸𝑣, showing similar conclusions as 

observed by Cooper et al.[66] in higher ∆𝐻𝑓 by the addition of Ca. 

 

Fig. 1.10 Empirical modeling of oxygen vacancy formation energies (𝐸𝑣) of the perovskite 

oxides. (a) FT-computed energies (𝐸𝑣) for ABO3, and substituted as shown, were fitted to the 

enthalpies of formation and bond dissociation energies (EBDE). (b) The fitted model of 𝐸𝑣 was used 

to calculate the energies for the mixed perovskites. The DFT-calculated energies matched well 

with that from the empirical model.[123] Reprinted with permission from Royal Society of 

Chemistry®. 
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1.4.3 High-Throughput Screening Studies  

Meredig and Wolverton[127] published one of the first studies to develop a thermodynamic 

screening technique to identify new H2O and CO2 splitting materials. Initially, they applied their 

method to 105 binary and ternary oxide cycles that failed to meet the reduction enthalpy and 

entropy regimes for thermodynamically favorable H2O and CO2 splitting. They used DFT (PW91) 

to compute reduction/oxidation enthalpies and entropies of four selected pair cycles: MgO-Mg, 

Al2O3-Al, SiO2-Si, and GeO2-Ge. Their results showed very accurate predictions with single metal 

oxides. 

Emery et al.[128] performed one of the most extensive high-throughput investigations using 

DFT/DFT+U (GGA-PBE) reported in the literature to date, by screening 5,329 cubic and distorted 

perovskites with two descriptors (thermodynamic stability and 𝐸𝑣), see Fig. 1.11. Of these, 383 

perovskites were deemed to be stable, based on a threshold value of 25 meV/atom (at 0 K). The 

second descriptor was applied for a “shortlist” of stable compounds, resulting in the identification 

of 139 perovskite materials (12 cubic, 8 rhombohedral and 119 orthorhombic) for which 2.5 < 𝐸𝑣 < 

5 eV/atom at T = 0 K. Notably, these 139 candidates included some compounds that had never 

been conceived or tested experimentally, such as BiVO3, CeCoO3, CeAgO3, LaAgO3, YbMoO3, 

LiIrO3. 

Recently, a new tolerance factor was predicted by Bartel et al.[129] from 576 experimentally 

observed stable ABX3 oxides and halides, which they claimed as significantly better than the 

widely used Goldschmidt tolerance factor. Here, the oxidation state of A-site cation is considered 

in addition to the ionic radii-based Goldschmidt tolerance factor. This tolerance factor was used in 

a high-throughput to predict the probability of forming stable double perovskites. For 990 oxides 
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(La2BB′O6) and 164 halides (Cs2BB′Cl6) the probabilities were greater than 85% and 69.6% 

respectively. 

 

Fig. 1.11 High-throughput DFT map of predicated 389 stable ABO3 perovskites out of 5329 

stoichiometric compounds.[128] Reprinted with permission from ACS Publications®. 

 

Michalsky et al.[130] investigated the thermochemical activity of 60 cubic perovskites 

A0.5A′0.5B0.5B′0.5O3- (A, A′= Ca, Sr, La; B, B′= Mn, Co, Mo, W) using DFT (GGA - RPBE) along 

with experimental validation. Assessing the free energy of reduction (𝛥𝐺𝑅𝑅) at high temperatures 
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and NH3 production from H2O at low temperatures, these authors concluded that the B-site element 

in the ABO3 perovskite plays the vital role in tuning the redox properties, compared to the A-site 

cation. Perovskites containing Co or Mn at the surface, and Co-doped with Mo or W in bulk, such 

as CaCoO3-terminated La0.5Ca0.5Mo0.5Co0.5O3, SrCoO3-terminated Sr0.5La0.5Co0.5W0.5O3 and 

CaMnO3-terminated Sr0.5Ca0.5MnO3, were proposed as promising candidates for solar-driven 

thermochemical ammonia production. 

 

1.4.4 Ab-Initio Databases and Machine-Learning Approaches 

As recent DFT analyses were performed based on thousands of compounds, a large effort has 

been done into gathering all these data in material databases. Some notable materials databases are 

listed here in Table 1.1. The Computational Materials Repository gathers most of the databases 

organized by type of material computed.[131] This repository provides a quickly accessible way to 

other material databases. Automatic-FLOW for Materials Discovery (AFLOW) contains over 

2,000,000 materials with more than 300,000 band-structures (BS).[132] This is one of the few 

databases that includes thermochemical properties relevant to this Thesis. The Materials Project 

contains a database of properties such as 𝐸𝑣 and 𝐸𝑔, amongst others.[133] The Open Quantum 

Materials Database (OQMD), developed by the Wolverton group,[134] contains theoretical (i.e. 

DFT) and experimental 𝐸𝑣 of more than 200,000 materials. The Novel Materials Discovery 

Laboratory (NOMAD) maintains the largest repository for computational materials science 

accepted by Nature Scientific Data, and includes more than 50,000,000 total energies, 44,000,000 

bulk crystal structures, 37,000,000 molecular geometries, 4,600,000 molecule/cluster geometries, 

~2,000,000 BS, 276,000 surfaces and 91 phonon calculations.[135]  
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Table 1.1 DFT Materials Databases 

Database Number of 
Compounds 

Properties 
included Link 

The Computational 
Materials Repository - 

Energetics 
Structural 
Electronic 

Elastic 
Optical 

Thermoelectric 

https://cmr.fysik.dtu.dk/ 
 

NOMAD 
Over 

50,000,000 

Structural 
Energetics 
Electronic 

Optoelectric 
Thermoelectric 

http://nomad-repository.eu. 

AFLOW Over 2,000,000 
Energetic 
Structural 
Electronic 

http://aflowlib.org/ 

The Materials 
Project over 600,000 

Energetics 
Structural 

https://materialsproject.org/ 
 

OQMD over 200,000 
Energetics 
Structural 

http://oqmd.org/ 
 

National 
Renewable Energy 

Laboratory’s 
computational 

materials database 
(NRELMatDB) 

Over 30000 

Structural 
Thermochemical  

Energetic 
 Electronic  
Dielectric  

https://materials.nrel.gov/ 

JARVIS-DFT 873 

Energetics 
Structural 
Electronic 

Elastic 
Optical 

Thermoelectric 

https://www.nist.gov/progr
ams-projects/jarvis-dft 

 

 

NREL MatDB (National Renewable Energy Laboratory’s computational materials database) 

includes structures, bandgaps, absorption spectra and thermochemical properties for more than 

30,000 materials relevant to renewable energy applications, such as photovoltaic materials, 

https://cmr.fysik.dtu.dk/
http://aflowlib.org/
https://materialsproject.org/
http://oqmd.org/
https://www.nist.gov/programs-projects/jarvis-dft
https://www.nist.gov/programs-projects/jarvis-dft
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materials for photo-electrochemical water splitting and thermoelectric.[136] The JARVIS-DFT 

database includes the electronic, elastic, optical and thermoelectric properties of 873 materials.[137] 

The assembly of these material property databases can be used by ML approaches to predict new 

perovskite materials before their synthesis and characterization is attempted experimentally.[129, 

138, 139] ML algorithms “learn” from existing data which are collected from computational 

simulations and experimental measurements. In one of the first ML studies in this field, Hautier et 

al.[140] combined the data mining structure predictor and high-throughput ab initio computations 

to predict 209 new A-B-O compounds across different chemical classes. This method is fast and 

efficient but has limitations. It is possible that a true ground state can be missed, and this method 

cannot predict a compound crystallizing in an unknown structure prototype. However, finding a 

new stable compound through this method, while not guaranteeing the true ground state, indicates 

that, in any case, there is an unknown stable compound existing in this chemical system. 

A later study was developed by Balachandran et al.[141] using two ML models. Fig. 1.12(a) 

represents the structural plot for stable cubic and non-cubic perovskites as a function of the 

Mendeleev number of A and B components developed by Balachandran et al. The first ML model 

(random forest) classified the 390 compounds into 254 perovskites and 136 non-perovskites with 

a 90% average cross-validation (CV) accuracy. The second ML model (gradient tree boosting) 

further classified the perovskites into 22 known cubic perovskites and 232 known non-cubic 

perovskites with a 94% average CV accuracy. Shannon’s ionic radii, tolerance and octahedral 

factors, A-O and B-O bond length and the A and B Villars’ Mendeleev numbers were the effective 

chemical descriptors that affected the classification of the perovskites. This work found that the 

new perovskites are most likely to occur when the A and B atoms are a lanthanide or actinide, 
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when the A atom is an alkali, alkali earth, or late transition metal atom, or when the B atom is a p-

block atom. The data was validated using a DFT-based convex hull (DFT-CH) approach. 

 

Fig. 1.12 ML example of a prediction of compounds: (a) structural map of cubic perovskites 

(black) and non-cubic perovskites (red); MA and MB represent Mendeleev number of A and B 

atoms. Reprinted with permission from APS Physics®;[141] (b) prediction of perovskite stability 

extended from DFT calculations presented in Ref.[142] Reprinted with permission from ACS 

Publications®; and (c) number of inconsistent predictions on each A2B′B″O6 compound for 16 

kinds of ML models. T means perovskite and F means non-perovskite. Reprinted with permission 

from Elsevier®.[143] 

 

However, the ML analyses and predictions are statistical and hence are always subject to changes 

caused by fluctuations.[141] For instance, discrepancies were obtained for various reasons, such as 
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missing important entropic contributions to the free energy at finite temperatures in most of the 

materials used for training the ML algorithm. Thus, for several materials, the DFT-CH approach 

suffices but for others that are rich in structural and other phase transitions, such as perovskites, 

this may not be the case. 

In parallel, Li et al.[142] (Fig. 1.12(b)) checked several ML classification and regression models 

to predict the thermodynamic phase stability of perovskite oxides. This work used a dataset of 

more than 1929 DFT-calculated perovskite oxide energies. Out of 791 features, the top 70 were 

enough to produce the most accurate models without significant overfitting based on the CH 

energies of each perovskite compound, similar to Ref.[141] This model was then validated for 15 

new compounds where it was found that the model is useful to quickly identify stable and near-

stable perovskite oxides when the elements frequently appear in the database. Conversely, the 

model should probably not be used for elements that are infrequent or not represented in the 

database.[142] 

Xu et al.[143] developed a data-driven based ML model on the basis of perovskite stability data 

from the Materials Project database. They used a procedure to identify ABX3 and A2B′B″X6 

stability by using the crystal structure stored in this database. Importantly, they found several 

inconsistent predictions on each A2B′B″O6 compound for 16 kinds of ML models (Fig. 1.12(c)). 

590 ABX3 and 538 A2B′B″X6 compounds were extracted, and these results extended previous 

perovskite data, correcting mistakes of 11 ABO3 compounds in Refs.[141, 142, 144] This model can 

predict formability of perovskite comparable to typical DFT prediction and showed potential for 

reliable future ML work. 

Pilania et al.[144] constructed a ML model (support vector classification) using training sets of 

185 experimentally reported ABX3 compounds to predict the stability of 455 possible ABX3 
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compounds. Of these, 40 stable ABX3 perovskite structures were identified with an accuracy of ≥ 

85%. They found similar descriptors as per Ref.[141] using a set of kernel methods. They also found 

that to make reliable predictions of thermodynamic stability of the identified ABX3, and 

chemistries must be rigorously tested against all potential chemical combinations that may 

combine to form the composition of interest. Although this work is very rigorous, it was not applied 

to ABO3 perovskites. 

Evolutionary methods (a type of ML algorithm) have also been used for the prediction of the 

space group of a specific composition. Ong et al.[145] proposed BiVO3 as a redox material by 

generating a population of structures with randomly selected space groups. Later, each structure 

was optimized by DFT+U methods, and 𝐸𝑣 calculated to yield the predicted crystal structures with 

the minimum energy. However, some experimental studies have found that BiVO3 is not a stable 

structure at high temperatures.[146] The heat treatment conditions involve phases such as metallic 

BiV2O5, BiVO4, Bi4V2O10.5, and Bi1.62V8O16, indicates that the DFT studies should pay attention 

to phase composition and stability at high temperatures. 

The various DFT frameworks discussed above rely mostly upon GGA exchange-correlation 

functionals, (e.g. PBE, RPBE and PW91), for assessing or predicting key properties of perovskite 

materials, such as oxygen vacancy formation energies, enthalpies of formation, bond-dissociation 

energies, cation oxidation states, reactant adsorption energies. These parameters govern high-

temperature gas splitting reactions (see Table 1.2). The choice of exchange-correlational 

functionals in any DFT approximation is crucial in determining the accuracy of properties derived 

from the electronic structure of a material. More specifically, ABO3 perovskites invariably exhibit 

electron densities with highly localized regions within individual BO6 octahedra that will present 

challenges to any GGA-level exchange-correlation functional. 
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Table 1.2 The exchange-correlation functionals used in DFT methods for characterizing the 

properties of perovskite oxides related to oxygen-deficient applications. 

 

Years GGA Investigated materials  Materials properties Ref 
     

2010 RPBE 
20 ABO3 perovskites (A = Y, La, Ca, Sr, Ba; B=Ti, 
V, Cr, Mn, Fe, Co, Ni, Cu) 

Formation energy, stability [111] 

2013 RPBE 
ABO3 Perovskites (A = Na, Ca, Sr, Ba, Y, La; B = 
Ta, W, Re, Os, Ir, Pt; Ti, V, Cr, Mn, Fe, Co, Ni, 
Cu), BO3 oxides 

Formation energy, stability [113] 

2014 PBE+U 
16 compositions of SrxLa1-xMnyAl1-yO3  
(x, y)=(0.2,0.4,0.6,0.8) 

Oxygen vacancy formation 
energy  

[118] 

2015 PW91 La0.75Sr0.25Co1-yFeyO3- (y=0,0.5,0.75,1) Adsorption energy [147] 

2015 
GW/ 
PBE+U 

ABO3 perovskite  
(A=Ba, Ca, Hg, K, Sc, Sr, Y; B= Sn, Ti, Zr, Nb, 
Al, Hf) 

Oxygen vacancy formation 
energy, oxide enthalpy of 
formation, bandgap 

[119] 

2015 RPBE 
ABO3 perovskite  
(A=Sr, Ba or La; and B=Mn, Co, Ni or Cu) 

Oxygen exchange capacity [114] 

2016 PW91 La(1-x)SrxFe(1-y)CoyO(3-) (x=0.2 or 0.5; y=0 or 0.5) 
Oxygen vacancy formation 
energy, adsorption strength 

[121] 

2016 
PBE/ 
PBE+U 

5329 cubic and distorted ABO3 perovskites 
 

Thermodynamic stability, 
oxygen vacancy formation 
energy,  

[128]  

2017 RPBE 
60 cubic perovskites A0.5A′0.5B0.5B′0.5O3-d  
(A, A′ = Ca, Sr, La; B, B′ = Mn, Co, Mo, W) 

N2 reduction and oxygen 
vacancy formation energy, 
Vacancy stability, 
Thermochemical activity 

[130] 

2017 PBE+U Ba2Ca0.66Nb1.34-xFexO6-  
Oxygen vacancy formation 
energy,  

[125] 

2018 PBE 
Earth-abundant perovskites A1-xA′xB1-yB′yO3  
(A, A′ = La, Ca, Sr, Ba; 
B, B′ = Cr, Mn, De, Co, Ni, Cu, Al, Ga) 

Oxygen vacancy formation 
energy, bonding 
dissociation energy 

[123] 

2018 PBE+U LaMO3 (M = Sc, Ti, V, Cr, Mn, Fe, Co, Ni, Cu) 
Oxygen vacancy formation 
energy 

[1] 

2019 PBE+U  (Ce2Ti2O7) 
Oxygen vacancy formation 
energy, reaction energy 

[148] 

2019 PBE+U La1-xSrxGa1-yCoyO3-δ 
Oxygen vacancy formation 
energy 

[124] 

 

For instance, the predicted ∆𝐺𝑓
0 values for a range ABO3 perovskites with 3d transition metals in 

B site using the RPBE exchange-correlational functional, showed a constant difference of ~0.75 
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eV from the respective experimental ∆𝐺𝑓
0 values.[111] This likely arises from the incorrect 

localization of 3d electron in the B-site cation due to the self-interaction error inherent to GGA-

DFT. This error can be mitigated by applying a Hubbard Coulomb/exchange U/J corrections to 

the strongly-correlated electrons in the material, and particularly to the 3d and/or 4f electrons (See 

the theoretical overview of the Hubbard correction (§2.2.8.4) provided in Chapter 2). However, 

accurately reproducing experimental properties typically requires specific empirical 

parameterization of U/J values against some known reference value. Alternatively, there are non-

empirical strategies for calculating the effective Hubbard U parameter for a specific material.[149] 

 

1.5 Knowledge Gap, Project Aims and Chapter Outline 

The preceding literature review has pointed out that ABO3 perovskite oxides in which A-site 

cations are rare-earth (such as La, Ce, Sm) or alkaline-earth (such as Ca, Sr, Ba) or a mixture 

thereof, and B-site cations that are mostly 3d transition metals (such as Ti, Cr, Mn, Fe, Co, Ni, Cu 

or their mixture) show particularly attractive potential for STWS and SOFC applications. 

However, it is evident that, despite a handful of investigations into undoped ABO3, a systematic 

investigation of the factors that control structural stability, electronic structure, thermochemical 

properties and oxygen reduction thermochemistry at STWS- and SOFC-relevant conditions has 

not been reported in the literature to date. Therefore, such a study is important in identifying new 

potential materials for these technologies, along with design parameters that will enable their 

generation. 
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This project seeks to address this knowledge gap by investigating undoped ABO3 perovskites 

systematically in terms of the A-site and B-site cations to explore the fundamental origins of 

structural, thermochemical and reduction trends in these materials. This Thesis will pursue the 

following specific aims towards this overarching goal: 

 

1. Develop an accurate DFT protocol for modelling electronic structures and, vibrational and 

phonon properties of Ba2+M4+O3
2- (M = Ti − Cu) and R3+Co3+O3

2- (R = La, Ce, Nd, Sm). 

The DFT protocol will be benchmarked against experimental data for a smaller subset of 

perovskite compounds available in the literature. 

 

2. Characterize the structural, thermochemical and reduction properties of Ba2+M4+O3
2- (M = 

Ti − Cu) and R3+Co3+O3
2- (R = La, Ce, Nd, Sm). The effect of the B-site cation on 

Ba2+M4+O3
2- and the A-site cation on R3+Co3+O3

2- will also be discussed from the point of 

view of these electronic and vibrational properties. 

 

3. Characterize the high-temperature thermochemistry of oxygen-deficient Ba2+M4+O3
2- (M 

= Ti − Cu) and R3+Co3+O3
2- (R = La, Ce, Nd, Sm) under conditions relevant to STWS and 

SOFC applications. The effect of temperatures and oxygen vacancies on Ba2+M4+O3
2-

 and 

R3+Co3+O3
2-

 will also be elucidated. 
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The remainder of this Thesis is outlined as follows: 

 

▪ Chapter Two details the electronic structure methodology used throughout the remainder 

of this Thesis. An efficient DFT protocol is developed and validated with the available 

experimental data of ABO3 perovskite containing alkaline cation at the A-site (e.g. Ba), 

and 4f metal (Ce), 4d metal (Zr), and 3d metal (Mn) at the B-site. (Aim 1) 

 

▪ Chapter Three presents trends in structural, electronic, thermochemical and oxygen 

reduction properties of Ba2+M4+O3
2- (M = Ti − Cu) and the effects of B-site cations along 

with the 3d series metal series from Ti to Cu at B-site based on first-principles DFT 

calculations. (Aims 2, 3) 

 

▪ Chapter Four investigates the role of the A-site cation in R3+Co3+O3
2- (R = La, Ce, Nd, 

Sm) systematically and provides new insight into the structural stability, electronic, 

thermochemical properties of oxygen-deficient R3+Co3+O3
2- based on first-principles DFT 

calculations. (Aims 2, 3) 

 

▪ Chapter Five presents the main conclusions of the thesis and outlines avenues for potential 

future work. 
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Chapter 2: First-Principles Methodology for Electronic Structures and Thermochemical 

Properties of ABO3 Perovskites 

 

2.1 Introduction 

Design of new functional materials requires their composition-structure-property relationships to 

be understood at the atomic level. First-principles methods, such as DFT, can describe and predict 

fundamental physical properties of materials for this purpose and so enable the development of 

new materials for targeted applications. This chapter presents an overview of the electronic 

structure methods used in subsequent chapters of this thesis. A DFT ansatz suitable for studying 

the phonon dispersion and thermochemical properties of ABO3 perovskites is also developed, 

notably via comparing the performance of GGA exchange-correlation functionals against 

experimental crystal structures, phonon dispersions, and temperature-dependent entropies, specific 

heats and enthalpies. 

 

2.2 Electronic Structure Methods  

2.2.1 Time-Independent Schrödinger Equation 

The total energy of a molecular system of M nuclei with coordinates {R1, R2,... RM} and N-

electrons with coordinates {r1, r2, ...rN} is described by quantum mechanics via the time-

independent Schrödinger equation,[1] 

 𝐸 =⟨ ψ(r, R)│𝐻̂│ψ(r, R) ⟩ (2.1) 

In this eigenvalue operator equation, the Hamiltonian operator 𝐻̂ describes the total potential and 

kinetic energies of the system, and determines the form of the time-independent wave function Ψ 
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and its corresponding energy E. The non-relativistic form of 𝐻̂ for electronic {ri} and nuclear {RI} 

degrees of freedom is,[2] 

 𝐻̂ =  𝑇̂𝑁(𝑅I) + 𝑇̂𝑒(𝑟i) + 𝑉̂𝑒𝑁(𝑟i , 𝑅I) + 𝑉̂𝑒𝑒(𝑟i) + 𝑉̂𝑁𝑁(𝑅I) (2.2) 

Here, 𝑇̂𝑁(𝑅I) and 𝑇̂𝑒(𝑟i) are the nuclear and electronic kinetic energy operators, respectively, and 

𝑉̂𝑒𝑁(𝑟i , 𝑅I), 𝑉̂𝑒𝑒(𝑟i) and  𝑉̂𝑁𝑁(𝑅I) are the electron-nuclei, electron-electron, and nuclei-nuclei 

electrostatic potential operators respectively, such that, 

 𝑇̂𝑁(𝑅I) =  ∑
ћ2

2𝑚𝐼

𝑀

𝐼=1

 ∇𝐼 (2.3) 

 𝑇̂𝑒(𝑟i) =  ∑
ћ2

2𝑚𝑒

𝑁

𝑖=1

 ∇𝑖 (2.4) 

 𝑉̂𝑒𝑁(𝑟i , 𝑅I) =  ∑∑
1

4𝜋𝜀0
  

𝑍𝐼𝑒
2

|𝑅⃗ 𝐼 − 𝑟 𝑖|

𝑁

𝑖=1

𝑀

𝐼=1

 (2.5) 

 𝑉̂𝑒𝑒(𝑟i) =  
1

2
∑

1

4𝜋𝜀0
  

𝑒2

|𝑟 𝑗 − 𝑟 𝑖|

𝑁

𝑖,𝑗,𝑖≠𝑗=1

 (2.6) 

 𝑉̂𝑁𝑁(𝑅I) =  
1

2
∑

1

4𝜋𝜀0
  

𝑍𝐼𝑍𝐽𝑒
2

|𝑅⃗ 𝐽 − 𝑅⃗ 𝐼|

𝑀

𝐼,𝐽,𝐼≠𝐽=1

 (2.7) 

where 𝑚𝐼 is the mass of the Ith nucleus, 𝑅I and 𝑅J are the positions of the Ith and Jth nuclei, 𝑍𝐼 and 

𝑍𝐽 are their nuclear charges, 𝑚𝑒 is the mass of the ith electron, 𝑟i and 𝑟j are the positions of the ith 

and jth electrons, and ∇i is the Laplacian kinetic energy operator. 

 

2.2.2 Born-Oppenheimer Approximation 

The Born Oppenheimer (BO) approximation[3] assumes that nuclei are fixed with respect to 

electronic motion, due to their significantly greater mass. This enables the motion of electrons and 
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nuclei to be treated separately in equation (2.1), which decouples the electronic and nuclear 

contributions to the total wave function. The total spatial function can then be expressed as a 

product of an electronic and nuclear wavefunction, 

 〈𝜓(𝒓,𝑹)〉 =  |ᴪ𝑘(𝒓;𝑹)⟩|𝜒𝑁(𝑹)⟩ (2.8) 

where, ᴪ𝑘(𝒓;𝑹) and 𝜒𝑁(𝑹) are the electronic and nuclear wavefunctions respectively, where both 

are functions of the electronic coordinates (r) and nuclear coordinates (R). ᴪ𝑘(𝒓;𝑹) has a 

parametric dependency on nuclear positions (R) expressed by the semicolon and only depends 

upon the electronic state k. Within the BO approximation, the nuclear kinetic energy can be 

neglected, and the nuclei-electron Coulombic attraction becomes constant for a given nuclear 

configuration. Equation (2.2) can thus be simplified to an electronic Schrödinger equation, 

 𝐻̂𝑒(𝒓;𝑹) |ᴪ𝑘(𝒓;𝑹)⟩|𝜒𝑁(𝑹)⟩ =  𝐸𝑘|ᴪ𝑘(𝒓;𝑹)⟩|𝜒𝑁(𝑹)⟩ (2.9) 

where the electronic Hamiltonian 𝐻̂𝑒(𝒓;𝑹) = [𝑇̂𝑒(𝑟i) + 𝑉̂𝑒𝑁(𝑟i , 𝑅I) + 𝑉̂𝑒𝑒(𝑟i)], gives a set of 

normalized eigenfunctions ᴪ𝑘(𝒓;𝑹) and eigenvalues 𝐸𝑘. By solving this electronic Schrödinger 

equation for a set of distinct nuclear coordinates, the electronic potential energy surface (PES) can 

be constructed. 

  

2.2.3 Hartree-Fock Theory 

Analytical solutions to the electronic Schrödinger equation for multiple-electron systems are not 

known. It is, therefore, necessary to calculate approximate solutions to equation (2.9). The standard 

approach was developed by Hartree and Fock (HF), who solved the “three-body problems” in 

multiple-electron systems using the independent electron approximation.[4, 5] In the HF theory 

approximation, the N-electron wave function is represented as a Slater determinant (i.e. an 

antisymmetric product) of N 1-electron orthonormal spin-orbital wave functions 𝜑𝑖(𝑥), 
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  𝜑𝐻𝐹 =
1
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  (2.10) 

where 1

√𝑁!
 is the normalization factor. The expectation value of the electronic Hamiltonian in the 

Hartree product basis defines the HF energy, 

 𝐸𝐻𝐹 = ⟨ 𝜑𝐻𝐹|𝐻̂| 𝜑𝐻𝐹⟩ (2.11) 

This energy and the corresponding Hartree product spin orbitals are determined variationally. 

This provides an optimal set of 1-electron spin orbitals and the corresponding lowest energy (the 

HF energy). 

 

2.2.4 Electron Correlation Methods 

HF theory is based on the independent particle approximation, and so treats the electron-electron 

repulsion as an average, or “mean-field”, effect arising from the average electron charge cloud 

experienced by one electron due to all other electrons. Importantly, this approximation ignores the 

instantaneous correlation between electrons and hence this shortcoming in HF theory manifests 

itself as an overestimation in the total electronic energy. The difference between the HF energy 

with a complete (infinite) basis set (E𝐻𝐹
∞ , or the “HF-limit”), and the “true”, exact electronic energy, 

is defined as the electron correlation energy, 

 𝐸𝑐𝑜𝑟𝑟𝑒𝑙𝑎𝑡𝑖𝑜𝑛 = 𝐸𝑒𝑥𝑎𝑐𝑡 − 𝐸𝐻𝐹
∞  (2.12) 

There are several popular routes to determine the electron correlation: self-consistent treatment 

of the electron correlation in DFT, perturbation theory (notably second-order Møller-Plesset 

Perturbation Theory), coupled-cluster theory, and configuration interaction. However, the scaling 

in terms of basis set size M increases from M4 to M10 for these various post-HF methods, depending 
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on the degree of excitation included in the correlated wave function.[6] Considering the 

computational costs and the size of the system, the direct self-consistent method is most commonly 

employed in modern computational chemistry, where the electron-correlation is modelled via the 

electron density instead of the wave function itself. In this formalism, the energy is recast as a 

functional of the electron density. 

 

2.2.5 Thomas-Fermi and Thomas-Fermi-Dirac Models 

The Thomas-Fermi (TF) model[7] was the first to describe the electronic structure in terms of  an 

electron density 𝜌(𝒓), as opposed to the complicated many electron wavefunction ᴪ. As electrons 

are indistinguishable, for a system of N particles the probability of finding any electron near a point 

r in space can be defined in terms of the electron density amplitude, 

 𝜌(𝒓) = 𝑁 ∫|ᴪ(𝒓1, 𝒓2, … 𝒓𝑁)|
2
𝑑𝒓2 𝑑𝒓3 …𝒅𝒓𝑁 (2.13) 

The total energy of the electron system is then, 

 𝐸𝑇𝐹[𝜌(𝒓)] =  𝐶𝑘 ∫[𝜌(𝒓)]5/3𝑑𝒓 − e∫ 𝜌(𝒓) 𝑉𝑒𝑥𝑡.(𝒓)𝑑𝒓 + 
𝟏

𝟐
𝑒2 ∫

𝜌(𝒓)ρ(𝒓́)

|𝒓−𝒓́|
𝑑𝒓𝑑𝒓́ (2.14) 

The first term in the right-hand side of equation (2.14) is the kinetic energy, and the second and 

third terms represent the Coulomb potential energy due to nuclei-electron and electron-electron 

interactions, respectively. 

The main drawback of the TF model is that the charge distribution related to the electron itself is 

not excluded in the third term of equation (2.14). The TF model, therefore, neglects the Pauli 

exclusion principle. Dirac subsequently suggested  correction for this problem by the inclusion of 

an explicit exchange energy 𝐸𝑋𝐶,[8] 
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 𝐸𝑋𝐶[𝜌(𝒓)] = −𝐶𝜒 ∫[𝜌(𝒓)]
4/3

𝑑𝒓 (2.15) 

With the inclusion of this exchange term, the total energy functional of the density is, 

 
𝐸𝑇𝐹[𝜌(𝒓)] =  𝐶𝑘 ∫[𝜌(𝒓)]

5

3𝑑𝒓 − e∫𝜌(𝒓)𝑉𝑒𝑥𝑡.(𝒓)𝑑𝒓 

+ 
1

2
𝑒2 ∫

𝜌(𝒓)ρ(𝒓́)

|𝒓 − 𝒓́|
𝑑𝒓𝑑𝒓́  − 𝐶𝜒 ∫[𝜌(𝒓)]4/3𝑑𝒓 

(2.16) 

However, this model oversimplified the molecular binding and not much real importance for 

quantitative prediction in atomic or molecular scale.[9] 

 

2.2.6 Hohenberg-Kohn Theorem 

The Hohenberg-Kohn (HK) theorems[10] prove that: (i) the energy is a unique functional of 

electron density, and (ii) the electron density yielding the minimal electronic energy (which can 

be calculated variationally) is the “true” electronic density. If we consider two different external 

potentials 𝑣(𝒓) and 𝑣′(𝒓) giving the same density 𝜌(𝒓), the two Hamiltonians 𝐻 and 𝐻′ will have 

two different normalized wave functions. The corresponding ground-state energy can be written 

as, 

 𝐸0 < ⟨ᴪ́|𝐻̂|ᴪ́⟩ =  ⟨ᴪ́|𝐻̂′|ᴪ́⟩ + ⟨ᴪ́|𝐻̂ − 𝐻̂′|ᴪ́⟩ = 𝐸0
′ + ∫𝜌(𝒓)[𝑣(𝒓) − 𝑣′(𝒓)]𝑑𝒓 (2.17) 

 𝐸0
′ < ⟨ᴪ|𝐻̂′|ᴪ⟩ =  ⟨ᴪ|𝐻̂|ᴪ⟩ + ⟨ᴪ|𝐻̂′ − 𝐻̂|ᴪ⟩ = 𝐸0 − ∫𝜌(𝒓)[𝑣(𝒓) − 𝑣′(𝒓)]𝑑𝒓 (2.18) 

The HK energy, 𝐸𝐻𝐾, can be rewritten as, 

 𝐸𝐻𝐾[𝜌] = ∫𝜌(𝒓)𝑣(𝒓)𝑑𝒓 + 𝐹𝐻𝐾[𝜌]  (2.19) 

where 𝐹𝐻𝐾[𝜌] = 𝑇[𝜌] + 𝑉𝑒𝑒[𝜌]  (2.20) 
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2.2.7 Kohn-Sham Density Functional Theory 

While the HK theorems show that the energy is a unique functional of the ground-state density, 

it does not provide a method to calculate it. This problem was overcome by the Kohn-Sham (KS) 

method, which reintroduces self-consistent field molecular orbitals into HK DFT, which enable 

the formation of a trial density that can be used to approximate the kinetic energy. KS DFT[11] 

treats the N interacting electron system as N non-interacting particles. In this case the electronic 

energy can be written as the functional of ground-state electron density such that, 

 𝐸[𝜌] = 𝑇[𝜌] + 𝑉𝑒−𝑁[𝜌] + 𝑉𝑒−𝑒[𝜌] (2.21) 

For any closed-shell system, the potential due to coulombic attraction between nuclei and 

electron can be written as, 

  𝑉𝑒−𝑁[𝜌] =  ∫𝜌(𝑟)𝜈(𝑟)𝑑𝑟 (2.22) 

where v(r) is the external potential created by all nuclei over all electrons. In the system of N non-

interacting electrons, there will be no active potential due to repulsion between electrons. The 

Hamiltonian for N non-interacting electrons can thus be written as, 

 𝐻̂𝑠 = 𝑇̂𝑠
𝑒 + 𝑉̂𝑠

𝑒−𝑁 (2.23) 

The kinetic energy functional of the system in terms of KS orbitals and the potential due to 

coulombic attraction can be expressed, respectively, as, 

 𝑇̂𝑠
𝑒[𝜌𝑠] =  − ∑ < 𝛹𝑖(𝑟)|

1

2
∆𝑖|𝛹𝑖(𝑟) >

𝑁/2

𝑖=1

 (2.24) 

 𝑉̂𝑠
𝑒−𝑁 =  ∫𝜌𝑠(𝑟)𝜈(𝑟)𝑑𝑟 (2.25) 

So, for the non-interacting electrons system, the electronic energy can be written as, 
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 𝐸̂𝑠[𝜌𝑠] = − ∑ < 𝛹𝑖(𝑟)|
1

2
∆𝑖|𝛹𝑖(𝑟) >

𝑁/2

𝑖=1

 +   ∫ 𝜌𝑠(𝑟)𝜈(𝑟)𝑑𝑟 (2.26) 

For a real system, the expression of energy in terms of the non-interacting system is therefore, 

 𝐸[𝜌] = 𝑇̂𝑠
𝑒[𝜌𝑠] + ∆𝑇[𝜌𝑠] + 𝑉𝑒−𝑁[𝜌𝑠] + 𝑉𝑠

𝑒−𝑒[𝜌𝑠] + ∆𝑉𝑒−𝑒[𝜌𝑠] (2.27) 

Here, ∆T [ρs] includes all the deviations of the real kinetic functional from the reference system. 

∆Ve-e[ρs] includes a correction to electron-electron interaction once they are considered. Both 

corrections are grouped within the exchange-correlation functional, 

 𝐸𝑋𝐶[𝜌] = ∆𝑇[𝜌𝑠] + ∆𝑉𝑒−𝑒[𝜌𝑠] (2.28) 

and the classical electrostatic repulsion energy constitutes the Hartree term, 

 𝑉𝑠
𝑒−𝑒[𝜌𝑠] =

1

2
∫∫

𝜌(𝑟1)𝜌(𝑟2)

𝑟12
𝑑𝑟1𝑑𝑟2 (2.29) 

In terms of equation (2.26), (2.28) and (2.29), equation (2.27) can be rewritten as, 

 𝐸[𝜌] = 𝑇̂𝑠
𝑒[𝜌𝑠] + ∫𝜌𝑠(𝑟)𝜈(𝑟)𝑑𝑟 + 

1

2
∫∫

𝜌(𝑟1)𝜌(𝑟2)

𝑟12
𝑑𝑟1𝑑𝑟2 + 𝐸𝑋𝐶[𝜌] (2.30) 

 

2.2.8 Exchange-Correlation Functionals 

Theoretically, the exchange-correlation (XC) energy in the third term of the right-hand side of 

equation (2.30)  is a consequence of the Pauli exclusion principle, since two electrons of the same 

spin must be spatially separated, thereby reducing the Coulombic electron-electron repulsion 

energy. While there is a unique analytical form for the XC potential (and hence energy), it is 

unknown. Many approximations for 𝐸𝑋𝐶[𝜌] have therefore been proposed. of particular relevance 

to this Thesis are the so-called the Local Density Approximation and the Generalized Gradient 

Approximation. 
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2.2.8.1 Local Density Approximation  

The Local Density Approximation (LDA) is employed extensively in the calculation of structures 

and total energies of solid-state materials.[12-14] Within the LDA, the XC energy for a density 𝜌(𝑟) 

is defined as, 

 𝐸𝑥𝑐
𝐿𝐷𝐴 = ∫𝜌(𝑟)𝜖𝑥𝑐(𝜌)𝑑𝑟 (2.31) 

where 𝜖𝑥𝑐(𝜌) is the XC energy per particle of a uniform electron gas of density 𝜌. The energy 

density functional 𝜖𝑥𝑐(𝜌) is always treated as a sum of individual exchange and correlation 

contributions, 

 𝜖𝑥𝑐(𝜌) = 𝜖𝑥(𝜌) + 𝜖𝑐(𝜌) (2.32) 

The first term in equation (2.32) is given by the Dirac functional, 

 𝜖𝑥(𝜌) = −
3

4
(
3

𝜋
)
1

3𝜌(𝑟) (2.33) 

An expression for the correlation energy 𝜖𝑐(𝜌) has been determined by Quantum Monte Carlo 

calculations.[15] 

 

2.2.8.2 Local Spin Density Approximation 

The Local Spin Density Approximation (LSDA) is equivalent to the LDA, however, it treats 

electrons with opposite spin via different spatial Kohn-Sham orbitals. The two-different XC 

functional for spin up and spin down can be expressed as, 

 𝐸𝑥𝑐
𝐿𝐷𝐴(𝜌𝛼) = 𝐸𝑥

𝐿𝐷𝐴(𝜌𝛼) + 𝐸𝑐
𝐿𝐷𝐴(𝜌𝛼) (2.34) 

  𝐸𝑥𝑐
𝐿𝐷𝐴(𝜌𝛽) = 𝐸𝑥

𝐿𝐷𝐴(𝜌𝛽) + 𝐸𝑐
𝐿𝐷𝐴(𝜌𝛽) (2.35) 

𝐸𝑥𝑐
𝐿𝐷𝐴(𝜌𝛼), 𝐸𝑥𝑐

𝐿𝐷𝐴(𝜌𝛽) and their functional derivatives can be accurately calculated as per 

references.[16, 17] 
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2.2.8.3 Generalized Gradient Approximation 

In the LDA, the functional used to approximate the energy of the true density depends only on 

the local density. It overestimates the exchange energy and underestimates the correlation energy, 

which works fairly well for covalent systems or simple metals due to the cancellation errors, 

however it brings several drawbacks to systems which deviate from the LDA model. The typical 

drawbacks of LDA functionals including overbinding tendency, overestimation of adsorption 

energies, cohesive energies and bulk modulus of solids, while largely underestimating the lattice 

parameters, diffusion barriers, spin and orbital moments, and electronic bandgaps.[18] An 

improvement upon this method is to include the local gradient of the electron density in the XC 

functional. Perdew and Yang[19] introduced this gradient term to the LDA functional. Here, the 

assumption is made that for each point in space with an electron density 𝜌(r) and its local gradients, 

 𝐸𝑋𝐶[𝜌] ≈  ∫𝑑𝑟 𝑓𝐺𝐺𝐴(𝜌(𝑟), |∇𝜌(𝑟)|, ∇2𝜌(𝑟)) (2.36) 

There are several different parametrizations of the GGA obtained from experimental data and 

first-principles calculations. The most popular XC functionals are that of PW91,[20] PBE,[21] 

RPBE,[22] Perdew Burke Ernzerhof revised for solids and surfaces (PBEsol),[23] and Becke-Lee-

Yang-Parr (BLYP)[24-27] (a combination of exchange correction of Becke's functional[27] and 

correlation potential of Lee, Yang and Parr (LYP)[24]). The various approaches to improving GGA 

functionals are devoted to specializing for certain classes of compounds. For instance, PW91 has 

been extensively used for predicting a wide range of materials properties with reasonable accuracy, 

including van der Waals dimers and hydrogen-bonded complexes.[28, 29] However, due to the 

presence of spurious fluctuations in the XC potential at both low and high electron densities, this 

functional is generally less applicable for many chemical systems.[30] On the other hand, PBE is 

designed to be a universal GGA functional with limited empirical dependencies. It overcomes the 
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previously noted problem of the PW91 functional, and thus works better with pseudopotentials. 

The performance of the PBE functional has been demonstrated for both molecules and solids,[31, 

32] it predicts accurately relative energies, bond lengths, and vibrational frequencies, however, it 

overestimates absolute bonding distances and vibrational frequencies. RPBE is a revised version 

of PBE, which limits the maximum possible of theoretical EXC values by satisfying the Lieb-

Oxford criterion.[33] RPBE calculates adsorption energies comparatively well, however, it 

overestimates energy barriers. PBEsol is the solid-oriented revised version of PBE, which 

significantly improves the prediction of equilibrium properties of densely-packed solids and their 

surfaces.[23] A series of recent studies with 18 solid groups, including five sets of ionic solids and 

equal sets of semiconductor, four sets of main group metals and equivalent sets of transition metals, 

demonstrated that PBEsol predicts lattice constants (which has greater influence on other solid 

properties, like bulk moduli and thermochemical properties) comparatively better than other non-

empirical functionals.[23, 31, 32] On the other hand, the empirical functionals BLYP are more 

accurate for organic and main group molecules, but also less accurate for larger molecules.[34-36] 

Therefore, benchmark studies are required to identify an appropriate functional in predicting 

thermochemistry and geometries of a system. 

 

2.2.8.4 Strong Electron Correlation and the Hubbard Correction 

Both the LDA and GGA fail to accurately describe the degree of localization/delocalization in 

the electron density, due to the presence of the self-interaction error[37] (a product of the non-exact 

treatment of the exchange energy in KS-DFT). Specifically, LDA/GGA densities are too 

delocalized, compared to the true density.[38] This shortcoming produces significant errors in 

important catalytic properties of transition and rare-earth metal oxides (e.g. Ti − Cu, La, Ce), 
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including crystal lattice structures, conductivity, oxide reduction and oxidation energies.[39-44] This 

problem is most acute for the strongly correlated electrons (i.e. those with high angular 

momentum), such as the d and f electrons present in metals. Yet it is these electrons which 

ultimately determine the physicochemical properties of metal oxides. 

The Hubbard correction was introduced into LDA/GGA DFT to correct for such electron 

delocalization via two terms: an “on-site” Coulomb interaction (U), which is associated with 

electron-electron pairing, and an “on-site” exchange interaction (J), which describes the repulsion 

of opposite-spin electrons within specific orbitals.[38, 45] These U and J corrections can be 

introduced into the DFT energy functional either by the method of Liechtenstein at al.[46] where U 

and J corrections are applied independently, or the method of Dudarev et al.[47] where U and J are 

added as an effective correction, Ueff = (U - J). The DFT energy functional according to the 

Liechtenstein method takes the form,[46] 

 𝐸𝐷𝐹𝑇+𝑈[𝑛, 𝑛̂] = 𝐸𝐷𝐹𝑇[𝑛] + 𝐸𝐻𝑢𝑏[𝑛̂] − 𝐸𝑑𝑐[𝑛̂]  (2.37) 

where 𝐸𝐻𝑢𝑏[𝑛̂] =
1

2
∑(𝑈𝛾1𝛾3𝛾2𝛾4

− 𝑈𝛾1𝛾3𝛾4𝛾2
)𝑛̂𝛾1𝛾2

𝑛̂𝛾3𝛾4

{𝛾}

 (2.38) 

and  𝐸𝑑𝑐[𝑛̂] =
𝑈

2
𝑛̂𝑡𝑜𝑡(𝑛̂𝑡𝑜𝑡 − 1) −

𝐽

2
∑𝑛̂𝑡𝑜𝑡

𝜎

𝜎

(𝑛̂𝑡𝑜𝑡
𝜎 − 1) (2.39) 

In equation (2.37), 𝐸𝐻𝑢𝑏[𝑛̂] is the Hubbard Hamiltonian describing the electron-electron 

interaction, and 𝐸𝑑𝑐[𝑛̂] eliminates double counting of the interaction energy contribution in 𝐸𝐷𝐹𝑇[𝑛]. 

In equation (2.38), 

 𝑛̂𝛾1𝛾2
= 𝑛̂𝛾 𝛿𝑚1𝑚2

  (2.40a) 

and   𝑈𝛾1𝛾3𝛾2𝛾4
= ∑𝑎𝑘(𝑚1,𝑚2, 𝑚3, 𝑚4)

𝑘

𝐹𝑘 (2.410b) 
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where 0 ≤ 𝑘 ≤ 2𝑙 and 𝑈𝛾1𝛾3𝛾2𝛾4
 can be written in terms of Slater’s integrals F0, F2, F4, F6 as 

implemented in the Vienna ab initio simulation package (VASP).[48] They are normally specified 

in terms of the effective on-site Coulomb interaction (U) and exchange interaction (J). The Slater 

integrals can be converted in the following way, 

 p-electrons: 𝐹0 = 𝑈, 𝐹2 = 5𝐽  (2.41) 

 d-electrons: 𝐹0 = 𝑈, 𝐹2 =
14

1+0.625
𝐽,  𝐹4 = 0.625𝐹2 (2.42) 

 f-electrons: 𝐹0 = 𝑈, 𝐹2 =
6435

286+195∗0.668+250∗0494
𝐽,  𝐹4 = 0.668𝐹2 and  𝐹6 = 0.494𝐹2 (2.43) 

Although Hubbard U/J corrections in equation (2.41−2.43) treat the electron self-interaction 

errors considerably better, however, inappropriate U/J values can cause artefacts in electronic 

structure (e.g. degeneracy of t2g/eg transition metal states).[49] Therefore, it is necessary to 

determine the correct U/J potential, which can be achieved via empirically fitting of DFT+U/J 

properties against a known reference value, usually needed to adjust with experimental values of 

respective metal oxides properties such as bandgap, lattice structure, equilibrium volume, 

magnetic moment etc. 

 

2.2.9 Periodicity, Plane-Wave Basis Sets and Pseudopotentials 

The electronic structure of crystalline materials is most conveniently modelled by using a 

structural unit cell which is replicated infinitely in space via periodic boundary conditions. The 

unit cell of such a system can be defined by lattice vectors 𝒂𝟏, 𝒂𝟐, 𝒂𝟑. According to Bloch’s 

theorem for an infinite periodic system, the KS orbitals can then be expressed as, 

 |𝛹𝑖(𝒓) >= 𝑒(𝑖𝒌 .  𝒓)|𝑢𝑖(𝒓) > (2.44) 
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where k is the vector which lies within the first Brillouin zone (BZ) and 𝑢𝑖(𝒓) is a periodic basis 

function. The basis set for a given k will be discrete, and the periodic function can be expanded as 

follows, 

 |𝑢𝑖(𝒓) >=
1

√𝛺
∑𝑐𝑖𝑮

𝑮

 𝑒(𝑖𝑮 .𝒓) (2.45) 

Here, the volume of the unit cell is 𝛺 = 𝒂𝟏. (𝒂𝟐 × 𝒂𝟑) and 𝑮 is a reciprocal lattice vector. 

Using equation (2.44) and (2.45), the final expression for the KS orbitals as a linear combination 

of basis functions can be expressed as, 

 |𝛹𝑖(𝒓) >= ∑𝑐𝑖,𝒌+𝑮

𝑮

 𝑒(𝑖(𝒌+𝑮).𝒓) (2.46) 

where, 𝑐𝑖,𝒌+𝑮 are the coefficients for the expansion. In principle, an infinite basis set is required to 

expand the electronic wave function exactly. In practice, however, only those reciprocal lattice 

vectors  yielding kinetic energies lower than predefined cutoff energy (𝐸𝑐𝑢𝑡) are considered and 

included in the basis set expansion, such that  1
2
||𝑮||𝟐 < 𝐸𝑐𝑢𝑡. 

In practice, most periodic DFT calculations employ plane-wave basis sets however, the major 

drawback of this approach is that a huge number of plane waves are required to describe some 

localized features of the electronic structure, for example, core orbital structure. This problem may 

be mitigated in part by the use of Pseudo-Potentials (PP). The PP approximation is based on the 

assumption that the valence electrons predominantly determine chemical bonding and chemical 

reactivity. Consequently, the large number of plane-wave basis functions required to reproduce 

core orbitals can be replaced with a single ‘PP’ that mimics the strong interaction between the 

nuclei and in the core region of the atom (see Fig. 2.1). This results in fewer plane waves being 

required to describe the KS orbitals adequately.[50] 
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Fig. 2.1 The PP concept – the potential in the core region of an atom, which is the product of 

many individual basis functions for each electron, is replaced with single fictitious potential. ΨPP 

and ΨAE corresponds to pseudo- and all-electron wavefunctions respectively; uPP and uAE 

corresponds to pseudo- and all-electron potentials, respectively.[51] Reprinted with permission 

from CCC®. 

 

2.3 Modelling Thermochemistry with DFT via Phonon Dispersions 

DFT describes the electronic structure of a crystalline material at 0 K and 0 atm. It does not 

account for temperature- and pressure-dependent phenomena of a material, for instance, the 

thermochemical properties that are the focus of this thesis, such as heat capacity, enthalpy and free 

energy. Calculation of these properties requires energy minimization concerning the free energy 

of the system, and entropic terms (electronic, ionic and configurational entropy) to be specifically 

treated.[52] Typically the starting point for approximating thermochemical properties in 

periodic/crystalline materials using DFT is the calculation of phonon dispersions on the BO 

potential surface.[53-58] 
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In any crystalline material, the atoms are continuously undergoing small oscillations, or 

vibrations, about their equilibrium position. These atomic displacements give rise to coupled, 

uniform vibrations throughout the crystal lattice, otherwise known as phonons.[59-62] The energies 

associated with all individual atomic vibrations and phonons are governed by the temperature of 

the material and can be represented as a function of atomic displacements, 

 

𝛷 = 𝛷0 + ∑∑𝛷𝛼

𝛼𝑙𝑘

(𝑙𝑘) 𝑢𝛼(𝑙𝑘)  + 
1

2
∑ ∑𝛷𝛼𝛽

𝛼𝛽𝑙𝑙ˊ 𝑘𝑘ˊ

(𝑙𝑘, 𝑙ˊ𝑘ˊ)𝑢𝛼(𝑙𝑘)𝑢𝛽(𝑙ˊ𝑘ˊ)

+
1

3!
∑ ∑ 𝛷𝛼𝛽𝛾(𝑙𝑘, 𝑙ˊ𝑘ˊ, 𝑙ˊˊ𝑘ˊˊ)  ×  𝑢𝛼(𝑙𝑘)𝑢𝛽(𝑙ˊ𝑘ˊ)𝑢𝛾(𝑙ˊˊ𝑘ˊˊ)

𝛼𝛽𝛾𝑙𝑙ˊ 𝑘𝑘ˊ 𝑘ˊˊ

+ ⋯ 

(2.47) 

where 𝛷0, 𝛷𝛼(𝑙𝑘),𝛷𝛼𝛽(𝑙𝑘, 𝑙ˊ𝑘ˊ) and 𝛷𝛼𝛽𝛾(𝑙𝑘, 𝑙ˊ𝑘ˊ, 𝑙ˊˊ𝑘ˊˊ), are the zeroth, first, second, and third-

order force constant, 𝛼𝛽𝛾… are Cartesian indices and 𝑢(𝑙𝑘) is the atomic displacement of the kth 

atom in the lth unit cell. The zeroth-order force constant, 𝛷0, is the 0 K energy of the system in its 

equilibrium geometry (i.e. that typically calculated in a standard DFT calculation). If all atoms are 

held fixed in their equilibrium positions, the force acting on the kth atom in the 𝛼-direction is the 

first derivative of the potential energy with respect to atom k,[63, 64] 

 𝐹𝛼(𝑙𝑘) =  −
𝜕Φ

𝜕𝑢𝛼(𝑙𝑘)
 (2.48) 

The second- and third-order force constants 𝛷𝛼𝛽(𝑙𝑘, 𝑙ˊ𝑘ˊ) and 𝛷𝛼𝛽𝛾(𝑙𝑘, 𝑙ˊ𝑘ˊ, 𝑙ˊˊ𝑘ˊˊ)  are, 

 𝛷𝛼𝛽(𝑙𝑘, 𝑙ˊ𝑘ˊ) =  
𝜕2𝛷

𝜕𝑢𝛼(𝑙𝑘)𝜕𝑢𝛽(𝑙ˊ𝑘ˊ)
=  −

𝜕𝐹𝛼(𝑙𝑘)

𝜕𝑢𝛽(𝑙ˊ𝑘ˊ)
 (2.49) 

 𝛷𝛼𝛽𝛾(𝑙𝑘, 𝑙ˊ𝑘ˊ, 𝑙ˊˊ𝑘ˊˊ) =  
𝜕3𝛷

𝜕𝑢𝛼(𝑙𝑘)𝜕𝑢𝛽(𝑙ˊ𝑘ˊ)𝜕𝑢𝛾(𝑙ˊˊ𝑘ˊˊ)
=  −

𝜕2𝐹𝛼(𝑙𝑘)

𝜕𝑢𝛽(𝑙ˊ𝑘ˊ)𝜕𝑢𝛾(𝑙ˊˊ𝑘ˊˊ)
 (2.50) 

and can be derived from lattice frequencies and perturbation theory, respectively.[63] In the crystal 

system with small atomic displacements at constant volume, the second-order force constant is 
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calculated by the harmonic approximation using lattice frequencies, and the third-order force 

constants are obtained using perturbation theory. The second-order force constants define the 

dynamical matrix 𝐷𝑘𝑘ˊ
𝛼𝛽

(q), 

 𝐷𝑘𝑘ˊ
𝛼𝛽(𝒒) = ∑

𝛷𝛼𝛽(0𝑘, 𝑙ˊ𝑘ˊ)

√𝑚𝑘𝑚𝑘ˊ𝑙ˊ

 e−𝑖𝒒.[𝑟(𝑙ˊ𝑘ˊ)−𝑟(0𝑘)] (2.51) 

Diagonalization of the dynamical matrix yields the vibrational and phonon frequencies 𝜔𝒒𝑗 over 

the BZ,[64] 

 |𝐷𝑘𝑘ˊ
𝛼𝛽(𝒒) − 𝝎𝒒𝑗

2 𝒆𝒒𝑗
𝛼𝑘| = 0 (2.52) 

or, 𝝎𝒒𝑗
2 𝒆𝒒𝑗

𝛼𝑘 = ∑𝐷𝑘𝑘ˊ
𝛼𝛽(𝒒)

𝛽𝑘ˊ

𝒆𝒒𝑗
𝛽𝑘ˊ

 (2.53) 

These harmonic frequencies 𝜔𝒒𝑗  can then be used to calculate the temperature-dependent internal 

energy (E), Helmholtz free energy (A), constant volume heat capacity (Cv) and entropy (S) within 

the harmonic approximation at a temperature T and constant volume V, 

 𝐸 = ∑ћ𝜔𝒒𝑗

𝒒𝑗

[
1

2
+

1

𝑒𝑥𝑝 (
ћ𝜔𝒒𝑗

𝑘𝐵𝑇
) − 1

] (2.54) 

 𝐴 =  
1

2
∑ћ𝜔𝒒𝑗

𝒒𝑗

+ 𝑘𝐵𝑇 ∑𝑙𝑛

𝒒𝑗

[1 − 𝑒𝑥𝑝 (−
ћ𝜔𝒒𝑗

𝑘𝐵𝑇
)] (2.55) 

 𝐶𝑉 = ∑𝑘𝐵 (
ћ𝜔𝒒𝑗

𝑘𝐵𝑇
)

2 𝑒𝑥𝑝 (
ћ𝜔𝒒𝑗

𝑘𝐵𝑇
)

[𝑒𝑥𝑝 (
ћ𝜔𝒒𝑗

𝑘𝐵𝑇
) − 1]

2  

𝒒𝑗

 (2.56) 

  𝑆 =  
1

2𝑇
∑ћ𝜔𝒒𝑗

𝒒𝑗

𝑐𝑜𝑡ℎ [
ћ𝜔𝒒𝑗

2𝑘𝐵𝑇
] − 𝑘𝐵 ∑𝑙𝑛

𝒒𝑗

[2𝑠𝑖𝑛ℎ
ћ𝜔𝒒𝑗

2𝑘𝐵𝑇
] (2.57) 



75 
   

Here the summations run over wave vectors q and band indices j. The further conversion of (Cv) 

to constant pressure heat capacity (Cp) can be performed via quasi-harmonic approximations,[65, 

66] 

 𝐶𝑝 = 𝐶𝑣 + 𝛼2𝛽𝑉𝑇 (2.58) 

where, 𝛼, 𝛽, 𝑉,  represent the thermal expansion coefficient, bulk modulus and volume of the 

system, respectively. To transform the constant volume thermodynamic variables to constant 

pressure thermodynamic variables, volume dependences of phonon frequencies are introduced by 

performing phonon calculations across a wide volume range. The temperature dependent Gibbs 

free energy G(T, p) at constant pressure (p) can be obtained from Helmholtz free energy A(T, V) 

through the transformation, 

 𝐺(𝑇, 𝑝) =  min
𝑣

[𝐴(𝑇, 𝑉) + 𝑝𝑉] (2.59) 

where, the right-side terms require to find the minimum value by changing volume V. A(T, V) can 

be approximated as, 

 𝐴(𝑇, 𝑉) ≅ 𝐸𝐷𝐹𝑇(𝑉) + 𝐴𝑃𝐻𝑂𝑁𝑂𝑁(𝑇, 𝑉) (2.60) 

where 𝐸𝐷𝐹𝑇(𝑉) is calculated as the total electronic energy at a volume V from DFT calculation 

and 𝐴𝑃𝐻𝑂𝑁𝑂𝑁(𝑇, 𝑉) is the temperature-dependent phonon Helmholtz free energy at V. By using 

equations (2.59) and (2.60), the minimum values of 𝐺(𝑇, 𝑝) at a given temperature is obtained 

which simultaneously generates the respective equilibrium volumes V(T). Therefore, the 

volumetric thermal expansion coefficient (𝛼) is obtained from V(T) and bulk modulus (𝛽) is 

computed using the following equation,[67] 

 𝛼 = (1/𝑉) (
𝜕𝑉

𝜕𝑇
)
𝑃

 (2.61) 
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 𝛽 = −𝑉 (
𝜕𝑃

𝜕𝑉
)
𝑇

 (2.62) 

 

2.4 Phonon Structures and Thermochemical Properties of Ba-based ABO3 Perovskites 

In order to develop an accurate DFT protocol for modelling the electronic structure of ABO3 

perovskites (considered in Chapters 3 and 4 of this thesis), DFT ansatz was first developed for 

representative perovskites containing alkaline cation (Ba) at A-site, and 4f metal (Ce), 4d metal 

(Zr) and 3d metal (Mn) at B-site. Thermochemical properties of BaCeO3 and BaZrO3 have been 

established via many independent experimental studies.[68-70] These perovskite materials are 

therefore ideal candidates by which first-principles DFT predictions of thermochemical properties 

can be benchmarked. The following discussion presents a systematic evaluation of the lattice 

structure and phonon properties for these perovskites. Where possible, data is compared to exiting 

literature values for BaCeO3 and BaZrO3. A systematic evaluation of common GGA XC 

functionals is additionally presented for BaMnO3, since the thermochemical properties of this 

perovskite have not yet been studied extensively in the literature. Analysis of the phonon structure 

of BaCeO3, BaZrO3 and BaMnO3 perovskites calculated via Density Functional Perturbation 

Theory (DFPT) (equations (2.53) is also presented. For materials shown to be thermally stable, 

temperature-dependent entropies, specific heats and relative molar enthalpies, calculated using 

DFT (i.e. equations (2.54) − (2.58)) are presented and validated against available experimental 

data. 
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2.4.1 Computational Methods 

Initial structures for GGA DFT optimization were taken from experimental crystal data (see Fig. 

2.2). BaCeO3 exists in the orthorhombic phase between 0 − 675 K (space group Pnma between 0 

− 533 K,[71] Imma space group between 534 − 675 K[72]), in the rhombohedral phase between 676 

− 1153 K (space group R3̅c),[72] and in the cubic phase above 1153 K (space group Pm3m).[73, 74]  

BaZrO3 exhibits only the ideal cubic perovskite phase (Pm3m space group), irrespective of 

temperature.[75] At ambient conditions, BaMnO3 has been shown to exhibit both hexagonal 

(P63/mmc) and cubic phases.[76-78] However, only the P63/mmc structure has been resolved 

experimentally; an ideal hypothetical cubic (Pm3m) phase was considered here since the exact 

crystal structure for this phase has not been reported.[79] The ideal theoretical cubic BaMnO3 unit 

cell was constructed by considering Ba atom at (0, 0 ,0) in the unit cell, Mn at (1/2, 1/2, 1/2) and 

three O atoms at (0, 1/2, 1/2), (1/2, 1/2, 0), and (1/2, 0, 1/2) (all in terms of fractional coordinates). 

Initial lattice parameters were taken from existing literature for the cubic phase,[78-81] and varied 

across the range of reported values (3.9, 3.96, 4.01 Å) with respect to the total energies to find an 

optimized GGA value. 

 

Fig. 2.2 Crystal structures of ABO3 phases. (a) orthorhombic (Pnma), (b) orthorhombic (Imma), 

(c) rhombohedral (R3̅c), (d) cubic (Pm3m). The green, blue and red balls represent A, B and O 

atoms, respectively. Aqua surfaces indicate BO3 octahedra. 
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All DFT calculations reported here implemented projector augmented wave (PAW)-PP[82] using 

VASP.[48] The most universal GGA functional, PBE was employed for BaCeO3 and BaZrO3. 

Additional Hubbard U/J (9/0.9 eV) corrections (PBE+U/J) were added to the Ce metal in 

orthorhombic BaCeO3 following previous examples in the literature.[83-85] For BaMnO3, the 

thermochemical properties of this perovskite have not been reported in the literature, and so these 

properties are examined here with multiple GGA functionals (PBE,[21] RPBE,[22] PBEsol,[23]). This 

ensures that DFT-predicted values are consistent, but also enables any potential dependency of 

thermochemical properties on the choice of XC functional to be identified. For all calculations, a 

500 eV plane wave cut-off was employed with Methfessel-Paxton electron smearing (0.4 eV) to 

alleviate potential SCF convergence issues.[86] To sample the BZ of the unit cells, 4×4×4 

Monkhorst-Pack k-point schemes were employed to the k-point mesh sampling. The total DFT 

energy was fully optimized with respect to ionic positions, cell shape and cell volume, using a 

convergence criterion 1.0 x 10-8 eV. 

For cubic phase perovskites, the DFT energy was fully optimized using a Birch-Murnaghan 

equation of state (BM EOS).[87] For the lower-symmetry phases, this approach is prohibitive, and 

so the DFT energy was minimized against all internal structural degrees of freedom (i.e. cell 

volume, cell shape, ionic position). Vibrational properties of the optimized unit cells were 

calculated using the supercell approach using a 2×2×2 extension of the optimized unit cell with 

the number of k points reduced accordingly. The real-space force constants of the crystallographic 

supercell were calculated using DFPT, as implemented in VASP, using forces on atoms calculated 

via finite differences (atomic displacements of 0.01 Å).[88, 89] Phonon modes were then calculated 

using these force constants with the Phonopy software package,[90] using Monkhorst-Pack grid of 

48×48×48 q points for the phonon wave vectors (see equation (2.52)). 



79 
   

2.4.2 BaCeO3 

Optimal PBE+U/J lattice vectors were compared with experimental data, as shown in Table 2.1. 

All calculated lattice parameters are in excellent agreement with experimental values, deviating 

by at most ~2%, thereby validating PBE+U/J for structure prediction in this material. 

 

Table 2.1 Comparison of experimental and PBE+U/J lattice parameters of orthorhombic, 

rhombohedral and cubic BaCeO3. 

 

Phase 
 Lattice parameters (Å) 

a b c 

Orthorhombic 

(Pnma)  

Exp.[71] 6.22 6.24 8.78 

Theory 6.33 6.36 8.94 

     

Orthorhombic 

(Imma) 

Exp.[72] 6.26 6.23 8.79 

Theory 6.31 6.29 8.87 

     

Rhombohedral 

(R3̅c) 

Exp.[72] 6.24 6.24 6.24 

Theory 6.33 6.33 6.33 

     

Cubic  

(Pm3m) 

Exp.[74] 4.44 4.44 4.44 

Theory 4.53 4.53 4.53 
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The thermochemical properties of orthorhombic, rhombohedral and cubic BaCeO3, such as 

entropy (S), relative molar enthalpies (H(T)-H(298 K)) were obtained using harmonic 

approximation, and constant pressure specific heat (Cp) was obtained using the quasi-harmonic 

approximation as outlined in §2.3. The reported thermochemical properties across four phases: 

Pnma, Imma, R3̅c and Pm3m were considered for BaCeO3 between the temperature range of 0 − 

533 K, 534 − 675 K, 676 − 1153 K, and 1154 − 2000 K, respectively based on the experimentally 

reported phase transitions for this material.[73] Scholten et al.[70] have previously investigated the 

thermochemical properties of BaCeO3 perovskites at low temperature by adiabatic calorimetry and 

at high temperature by drop calorimetry. A similar study by Ahrens et al.[68] reported 

thermochemical data for BaCeO3 between 1.6 K and room temperature by means of adiabatic 

calorimetry. 

PBE+U/J thermochemical data for these materials calculated in this work are compared with the 

experimental values reported by Scholten et al. in Fig. 2.3(a-c), which showed excellent agreement 

with the calculated values up to 900 K. However, we have not taken into consideration of reported 

data above 900 K by Scholten et al., as the results were derived from smoothed thermodynamic 

function. Selected theoretical values of Cp, S and (H(T)-H(298 K)) for BaCeO3 are compared to 

experimental data in Table 2.2. Table 2.2 shows that, at room temperature and high temperatures 

the calculated Cp, S and (H(T)-H(298 K)) are in excellent agreement with available experimental 

data. For example, at 298.15 K, the largest deviation between this work and experiment is less than 

2 J K-1 mol-1 for both Cp and S. At higher temperature (900 K), this difference is 4 J K-1 mol-1. 

Additionally, (H(T)-H(298 K)) for BaCeO3 calculated here to be within 3 kJ mol-1 of the published 

experimental value. 
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Table 2.2 Comparison of calculated PBE+U/J and experimental S and Cp values of BaCeO3 

  

T (K)  Cp 

(J K-1 mol-1) 

S 

(J K-1 mol-1) 

H(T)-H(298.15 K) 

(kJ mol-1) 

298.15 Expt.[68]  114.8 145.8 - 

Expt.[70] 111.91 144.51 - 

This work 113.12 146.94 - 

900 Expt.[70]  131.06 280.18 74.88 

This work 133.13  284.24  71.13 

 

The calculated S values of BaCeO3 for both the orthorhombic phases Pnma (0 − 533 K) and (534 

− 675 K), and rhombohedral phase R3̅c (676 − 900 K) are in excellent agreement with experimental 

data (Fig. 2.3(a)). However, the S values of cubic phase, Pm3m (1154 − 2000 K) deviates by 81 J 

K-1 mol-1 from the rhombohedral phase R3̅c at phase transition temperature 1154 K. This is 

attributed here to the fact that distortions within the CeO3 octahedra and a change in the 

coordination sphere of the A-site Ba2+ cation (which changes from 6- to 12-coordinate) are both 

associated with negative frequencies in the phonon spectra shown in Fig. 2.4(d). These vibrations 

of the Ba2+ and Ce4+ cations, which are in effect a signature of instability in the crystal lattice, 

become increasingly more obvious in the rhombohedral and cubic phases (see Fig. 2.4(c, d)). The 

variation of Cp with temperatures obeys Debye T3 law at low temperatures, and above room 

temperature reaches around 125.7 J K-1 mol-1 at 500 K, consistent with Dulong-Petit’s law 

(3nR=124.7 J K-1 mol-1, n=5 is the number of atoms in each unit cell), while above 500 K, Cp 

departs from the Dulong-Petit’s law due to quasi-harmonic contributions.  
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Fig. 2.3 PBE+U/J and experimental values of (a) S (J K-1 mol-1); (b) Cp (J K-1 mol-1) and (c) 

(H(T)-H(298.15 K)) (kJ mol-1) of BaCeO3. The vertical dotted lines show the phase transition point 

of Pnma (0 – 533 K), Imma (534 – 675 K), R3̅c (676 – 1153 K), and Pm3m (1154 – 2000 K) of 

BaCeO3. Experimental data were taken from Ahrens et al.[68] between 0 – 300 K, and Scholten 

et al.[70] between 300 – 900 K. 
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Overall, experimental Cp data are in near-exact agreement with theoretical Cp values produced in 

this work up to 900 K (Fig. 2.3(b)). Similarly, calculated (H(T)-H(298 K)) values for BaCeO3 (Fig. 

2.3(c)) between 0 − 900 K are in very good agreement with experiment. This agreement indicates 

that the thermochemical properties for the cubic phase of BaCeO3 are an accurate prediction that 

can be tested in future experiments. 

The vibrational contributions to these thermochemical properties can be explained via analysis 

of phonon dispersion and vibrational density of states (VDOS). The phonon dispersions and VDOS 

of BaCeO3 in the Pnma, Imma, R3̅c, and Pm3m phases are presented along the high symmetry Γ-

M-R-X-Γ-R path in Fig. 2.4(a-d). In all cases (Fig. 2.4(a-d), the acoustic modes (below 150 cm-1) 

in this material are predominantly governed by the motions of heavier Ba2+ cation, while the optical 

modes (above 300 cm-1) are dominated by the motion of oxygen atoms. The B-site Ce4+ cation 

provides a substantial contribution to the intermediate-frequency regimes between 150 - 300 cm-1 

in BaCeO3. There exist soft phonon modes at the M-point of the Imma phase (Fig. 2.4(b)) and the 

Γ-point of the R3̅c phase (Fig. 2.4(c)), indicating the likely mechanism by which a respective 

Pnma− Imma and Imma − R3̅c phase transition of BaCeO3 takes place.[73] 

In contrast, cubic BaCeO3 exhibits imaginary frequencies at Γ, M, R and X points (Fig. 2.4(d)). 

The unstable phonon modes at Γ-point correspond to the polar vibrational modes of Ce 

displacement within CeO3 octahedral sublattice (Fig. 2.5(a)). The other unstable phonon modes at 

the M-point (Fig. 2.5(b)) and R-point (Fig. 2.5(c)) originate from the in-phase and out-of-phase 

octahedral rotation within the CeO3 sublattices respectively, whereas instabilities at the X-point 

(Fig. 2.5(d)) correspond to the breathing mode within individual CoO3 octahedra. All the 

imaginary phonon modes of respective crystal structure were accounted in predicting their 

thermodynamic properties shown in Fig. 2.3. 
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Fig. 2.4 The calculated PBE+U/J phonon dispersions (left) and VDOS (right) of BaCeO3: (a) 

orthorhombic (Pnma), (b) orthorhombic (Imma), (c) rhombohedral (R3̅c), (d) cubic (Pm3m). 
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Fig. 2.5 The unstable phonon modes of cubic (Pm3m) BaCeO3 associated with the vibration at 

the q-points: (a) Г-point, (b) M-point, (c) R-point, and (d) X-point. Atom colors as per Fig. 2.2. 

 

2.4.3 BaZrO3 

The experimental lattice constant of cubic BaZrO3 is 4.19 Å.[91] The theoretical lattice constant 

of cubic BaZrO3 was optimized using the BM EOS.[87] Lattice parameter values varied from 4 to 

5 Å with an interval of 0.01 Å against the total energy of the unit cell (see Fig. 2.6). The minimum 

PBE ground state energy corresponds to a lattice constant of 4.23 Å. The calculated PBE lattice 

constant has a deviation of ~0.04 Å with the experimental value, but has an exact agreement with 

other theoretical works using the same GGA functional.[92] Notably, the value obtained by PBE is 

comparably in good agreement with experimental value than other GGA functionals reported in 

the literature (see Table 2.3). 

 

Table 2.3 Comparison of PBE lattice parameters (a/Å) of cubic (Pm3m) BaZrO3 with 

experimental and other theoretical works. 

 Exp.[75] PBE a) PBE[92] RPBE[92] PW91[93] 

(a/Å) 4.19 4.23 4.235 4.269 4.25 

a) This work. 
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Fig. 2.6 PBE fitted BM-EOS curve of cubic (Pm3m) BaZrO3. Atom colors as per Fig. 2.2. 

 

Thermochemical properties of BaZrO3 have also been experimentally studied,[68, 69] and are used 

here to validate the predictions obtained using the PBE functional. Table 2.4 demonstrates that 

calculated PBE Cp, S and (H(T)-H(298 K)) values for BaZrO3 at 298.15 K and 1000 K are in close 

agreement with experimental data.[68, 69] For example, at 298.15 K, the largest deviation of S and 

Cp values between this work and the experimental results are less than 8 J K-1 mol-1 and 6 J K-1 

mol-1, respectively. At high-temperature (1000 K), these differences are less than 7 J K-1 mol-1. 

Additionally, (H(T)-H(298 K)) for BaZrO3 calculated here is within 4 kJ mol-1 of the published 

experimental value.[69] Ahrens et al.[68, 69] have previously investigated the thermochemical 

properties of BaZrO3 perovskite between 1.6 K and room temperature by means of adiabatic 

calorimetry. A similar study by Cordfunke et al.[69] reported high-temperature thermochemical 

data for BaZrO3. The PBE thermochemical properties are compared against these experimental 

values in Fig. 2.7. The calculated S values of BaZrO3 are in excellent agreement with experimental 

data at low- and high-temperatures (Fig. 2.7(a, b)).  

The variation of Cp with temperatures obeys the Debye T3 law at low temperatures, while above 

500 K, Cp tends to the departure from the Dulong-Petit’s law due to quasi-harmonic contributions. 
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Below 300 K (Fig. 2.7(c)), experimental Cp data are in near-exact agreement with theoretical Cp 

values produced in this work. A maximum discrepancy of ~4.8 J K-1 mol-1 is observed between 

experiment and theory at temperature 1400 K. Nevertheless, calculated Cp values at high 

temperature show agreeable fitting with experimental Cp data, as shown in Fig. 2.7(d). Similarly, 

the (H(T)-H(298 K)) values for BaZrO3 (Fig. 2.7(e, f)) between 0 – 2000 K are in very good 

agreement with experiment, with a maximum deviation of ~7% at 2000 K. 

 

Table 2.4 Comparison of PBE-PAW and experimental thermochemical properties of 

BaZrO3 at 298.15 K and 1000 K. 

 

T (K) 

 
 

Cp 

(J K-1 mol-1) 

S 

(J K-1 mol-1) 

(H(T)-H(298 K))  

(kJ mol-1) 

298.15 

Expt. [68] 107 125.5 - 

Expt.[69] 101.71 124.7 - 

This work 107.35 132.2 - 

     

1000 
Expt.[69] 129.72 267.76 84.74 

This work 127.58 273.6 80.0 
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Fig. 2.7 PBE-PAW and experimental S (J K-1 mol-1) of BaZrO3 between (a) 0 – 300 K, and 

(b) 300 – 2000 K. PBE-PAW and experimental Cp (J K-1 mol-1) of BaZrO3 between (c) 0 – 300 K, 

and (d) 300 – 2000 K. PBE-PAW and experimental (H(T)-H(298 K)) (kJ mol-1) of BaZrO3 between 

(e) 0 – 300 K, and (f) 300 – 2000 K. Experimental data were taken from Ahrens et al.[68, 69] 

between 0 – 300 K, and Cordfunke et al.[69] between 300 – 2000 K. 
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The PBE-PAW predicted phonon dispersion curves and VDOS of cubic BaZrO3 along the high 

symmetry Γ-M-R-X-Γ-R path is shown in Fig. 2.8(left). The acoustic modes in each material are 

predominantly governed by the motions of heavier Ba atoms (Fig. 2.8(right)) to low-frequency 

regime below 150 cm-1, while the optical modes are by the motion of oxygen atoms to high-

frequency regime above 450 cm-1. The B-site Zr in BaZrO3 has a smaller contribution to the low-

frequency regimes (Fig. 2.8(right)). This highlights the different nature of the A- and B-site 

vibrations. The intermediate-frequency phonon modes (e.g. ~150 − 400 cm-1) for these three 

perovskites are generally dominated by the vibration of the Zr atoms, for the same reason. The 

two-regime distribution of VDOS likely comes from the mass ratio of two atoms. This is attributed 

to the relatively small mass of O compared to Ba and Zr. 

 

 

Fig. 2.8 The calculated phonon BS of cubic (Pm3m) BaZrO3 by PBE functional: (a) phonon 

dispersions (left) and VDOS (right). 
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2.4.4 BaMnO3 

The experimental lattice vectors of hexagonal (P63/mmc) BaMnO3
[76]

 were optimized using PBE, 

RPBE, PBEsol XC functionals by relaxing cell volume, cell shape, and ionic positions. The 

optimized lattice parameters are compared with experimental data in Table 2.5. 

 

Table 2.5 Comparison of optimized lattice parameters of hexagonal (P63/mmc) 

BaMnO3 using different GGA functionals with experimental work. 

 

 Lattice parameters (a/Å) 

 a b c 

Exp.[76] 5.70 4.94 4.82 

PBE 5.76 4.98 4.93 

RPBE 5.86 5.08 5.02 

PBEsol 5.67 4.91 4.86 

 

PBE and RPBE overestimate the experimental lattice vectors, while PBEsol underestimates these 

values. However, the deviation between the calculated and experimental values of hexagonal 

BaMnO3 are within 1%. Contrary, the equilibrium structural parameter of cubic BaMnO3 was 

optimized by BM EOS using PBE, RPBE and PBEsol functionals. The calculated total energies 

as a function of lattice constant are fitted in Fig. 2.9. 
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Fig. 2.9 The BM EOS of cubic (Pm3m) BaMnO3 with calculated data and fitting curves using 

different GGA functionals. 

 

The fitted BM EOS curves show considerable variation with these different GGA functionals, 

and the optimized lattice constants derived from the BM EOS are compared in Table 2.6. It is 

evident from this table that RPBE predicts the largest lattice constant, 4.01 Å, which is ~0.05 Å 

larger than that found with PBE, and 0.11 Å larger than that found with PBEsol. The latter value 

(obtained with PAW pseudopotentials) here has near-exact agreement with other theoretical works 

reported by PBE with Ultra-Soft (US)-PP[79] and LSDA with PAW-PP.[81] However, the PBE-

PAW result presented here slightly overestimates (~0.02 Å ) the other theoretical works,[78] 

reported with the same GGA functional, but different K-points than the present work which may 

slightly influence the lattice parameter. Nevertheless, RPBE-PAW produces the same lattice 

parameter reported in the literature using identical GGA functional.[80] This implies that the 

optimized lattice constant values of cubic BaMnO3 presented in the current work are reliable to 

predict the phonon dispersion and thermochemical properties of cubic BaMnO3. 
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Table 2.6 Comparison of optimized lattice parameters (a/Å), bulk modulus (B/GPa) and its 

pressure derivative (B0) of cubic BaMnO3 using different GGA functionals and literature data. 

 

 PBE-PAWa) RPBE-PAW a) PBEsol-PAW a) PBE-PAW RPBE-PAW 
PBE-USPP, 

LSDA-PAW 

(a/Å) 3.96 4.01 3.90 3.94b) 4.01 c) 3.90 d) 

B (Gpa) 143 126 169 - - - 

B0 4.75 4.49 5.07 - - - 

a) This work. b) Ref.[78] c) Ref.[80] d) Ref.[79, 81] 

 

The thermochemical properties of hexagonal and cubic BaMnO3 have not been characterized yet 

experimentally or theoretically. The influence of GGA-functionals is investigated here by 

comparing the vibrational S, Cv and (H(T)-H(298 K)) values of BaMnO3 between 0 – 2000 K using 

PBE, RPBE and PBEsol (Fig. 2.10). At an equivalent temperature, the S values calculated with the 

PBEsol for both hexagonal and cubic phases are marginally lower than both the PBE and RPBE 

values (Fig. 2.10(a, b)). For instance, at 300 K, PBE predicts the S values of hexagonal and cubic 

BaMnO3 to be 117 and 110 J K-1 mol-1 respectively, whereas PBEsol predicts a value of 116 and 

108 J K-1 mol-1 at the same temperature. By comparison, RPBE is larger than this PBEsol value by 

5 and 11 J K-1 mol-1 hexagonal and cubic phases, respectively. This trend remains almost identical 

at all temperatures up to 2000 K. Predicted Cv values of BaMnO3 are shown in Fig. 2.10(c, d). 
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Fig. 2.10 Calculated S (J K-1 mol-1) for (a) hexagonal (P63/mmc) and (b) cubic (Pm3m); 

calculated Cv (J K-1 mol-1) for (c) hexagonal (P63/mmc) and (d) cubic (Pm3m); calculated (H(T)-

H(298 K)) (kJ mol-1) for (e) hexagonal (P63/mmc) and (f) cubic (Pm3m) of BaMnO3 between 0 – 

2000 K using various GGA functionals. 
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In general, Cv varies with temperature as one would expect; at low temperatures Cv obeys Debye’s 

T3 law, while at temperatures above 500 K, Cv tends to be constant, approaching the classical limit 

of Dulong-Petit’s law. This indicates that all three XC functionals provide a reliable 

thermochemical properties prediction using DFPT. Nevertheless, the variation in Cv with different 

GGA-functionals is smaller both in standard conditions and high-temperature. Interestingly, the 

predicted Cv values by three GGA functionals at 300 K are identical (~99 J K-1 mol-1) for both 

hexagonal and cubic phases, however, contrary to the entropic values, the Cv values calculated by 

PBEsol overestimated the PBE values at high temperature for cubic phase, while the reverse trend 

is observed for RPBE functional. For example, at 2000 K, PBE calculates the Cv value ~113 J K-1 

mol-1, which is 3 J K-1 mol-1 less than PBEsol prediction but 2 J K-1 mol-1 more than RPBE. 

However, Cv values of hexagonal phase by three GGA functionals at 2000 K are similar (~122 J 

K-1 mol-1). 

Relative molar enthalpies for BaMnO3 are shown in Fig. 2.10(e, f). Similar to the predicted Cv 

values, all GGA functionals considered here predict consistent relative molar enthalpies values, 

particularly at low temperatures, as expected. For instance, at 300 K, the predicted (H(T)-H(298 K)) 

values predicted using these GGA functionals differ by no more than ~0.18 kJ mol-1 for both 

hexagonal and cubic phases. At 2000 K, this value increases by only ~8 kJ mol-1 for the cubic 

phase, while remaining identical for the hexagonal phase. These results, therefore, suggest that the 

thermochemical properties of the BaMnO3 hexagonal and cubic phase perovskite are effectively 

invariable to the choice of GGA functional used. 
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Fig. 2.11 The calculated phonon dispersions (left) and VDOS (right) of hexagonal (P63/mmc) 

BaMnO3 using different GGA functionals: (a) PBE, (b) RPBE, (c) PBEsol. 

 

The phonon dispersion curves of hexagonal (P63/mmc) and cubic (Pm3m) BaMnO3 are shown 

along with the high symmetry directions Γ-M-R-X-Γ-R in the BZ shown in Fig. 2.11(left) and Fig. 

2.12(left), respectively using PBE, RPBE and PBEsol functionals. In hexagonal BaMnO3, some 
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modes soften at M, R and between X and Γ points slightly, which can be attributed to the structural 

distortion of P63/mmc at low temperature due to partial displacement of MnO6 octahedra.[76] The 

projected VDOS of hexagonal BaMnO3 by all three GGA functionals show consistent vibrational 

contributions from Ba2+, Mn4+ and O2- ions. The lower frequency regimes of 0 − 200 cm-1 mostly 

dominated by Ba2+ ions, intermediate frequency regimes between 200 − 400 cm-1 associated with 

the vibrations of Mn4+ ions, and high energy level between 400 − 650 cm-1 mostly governed by 

the motion of O2- ions. Noticeably, the phonon frequencies of Mn4+ and O2- are observed both in 

intermediate and high energy levels due to the lower metallic masses of Mn4+, compared to Zr4+ 

and Ce4+ discussed above. 

In contrast, all three GGA functionals generate unstable phonon modes for cubic BaMnO3 at the 

Γ, M and X points. This indicates that all three functionals predict the cubic phase of BaMnO3 to 

be unstable, and this is consistent with a previous report.[81] However, PBEsol shifts the phonon 

dispersion curves comparably to the higher energy level than two other functionals. For instance, 

the unstable phonon modes at Γ-point is observed at ~ -220 cm-1 for PBEsol (Fig. 2.12(c)), where 

at the same point PBE and RPBE functionals distribute the phonon bands to the lower the energy 

level nearby -260 cm-1 (Fig. 2.12(a)) and -300 cm-1 (Fig. 2.12(b)), respectively. This unstable mode 

corresponds to the axial vibration of Mn4+ within the MnO3 octahedral sublattice, while O2- remain 

largely static (Fig. 2.13(a)). Similar to the Γ-point, the negative phonon frequencies observed at 

the X-point by three functionals vary across energy range -200 to -300 cm-1, where PBEsol shifts 

the phonon band to higher energy. This unstable mode arises from a symmetric O2- stretch mode 

within the MnO3 octahedral sublattice (Fig. 2.13(b)).  

 



97 
   

 

Fig. 2.12 The calculated phonon dispersions (left) and VDOS (right) of cubic (Pm3m) BaMnO3 

using different GGA functionals: (a) PBE, (b) RPBE, (c) PBEsol. 

 

On the other hand, the negative phonon modes at M-point predicted by PBEsol are ~ -100 cm-1, 

while PBE and RPBE produce phonons down to -200 cm-1 and -250 cm-1, respectively. This 
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negative frequency is governed by an antisymmetric breathing mode of the O2- ions (Fig. 2.13(c)). 

The corresponding imaginary phonon modes of respective crystal structure were accounted in 

predicting their thermodynamic properties shown in Fig. 2.10. The corresponding VDOS of cubic 

BaMnO3 obtained using the PBE, RPBE and PBEsol functionals are shown in Fig. 2.12(right). 

Overall, the low-frequency regime below 170 cm-1 is predominantly governed by the motions of 

heavier Ba2+ cations, as anticipated. Contrary, the vibrational motions of Mn4+ and O2- correspond 

to the intermediate- and high-frequency regimes (~170-650 cm-1), respectively O. Noticeably, 

PBEsol predicts slightly higher phonon energies for the O2- modes (~600 cm-1), compared to both 

PBE (~550 cm-1) and RPBE (500 cm-1). 

 

 

Fig. 2.13 Unstable phonon modes of cubic (Pm3m) BaMnO3 associated with the vibrations at the 

q-points: (a) Г-point, (b) X-point, and (c) M-point. Atom colors as per Fig. 2.2. 

 

2.5 Conclusion 

The choice of GGA-functionals in any DFT approximation is crucial in determining the accuracy 

of properties derived from the lattice structure of a material. The universal GGA functional, PBE, 

provides an accurate description of the phonon dispersion of cubic BaZrO3, while PBE with 

Hubbard corrections (PBE+U/J) provides an accurate description of the orthorhombic, 
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rhombohedral and cubic BaCeO3 respectively. The agreement between experimental and 

calculated thermochemical properties for these two perovskites are excellent. The calculated lattice 

parameters of hexagonal and cubic BaMnO3 using PBE, RPBE and PBEsol are consistent with 

reported experimental data. In addition, the phonon dispersions and thermochemical properties of 

hexagonal and cubic BaMnO3 predicted here for the first time using PBE, RPBE and PBEsol 

suggest that these properties are effectively invariant to the choice of GGA functional. In light of 

these results, the PBEsol functional, which is the solid-oriented revised version of PBE, is 

considered in subsequent chapters of this thesis to predict the electronic and thermochemical 

properties of perovskite materials. 
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Chapter 3: Trends in High-Temperature Reduction Thermochemistry of BaMO3 (M = Ti 

− Cu): Effects of B-site Cation 

  

3.1 Introduction 

ABO3 perovskites with mixed oxidation states are attractive candidates for high-temperature 

heterogeneous catalytic applications due to their tunable geometric and electronic structures, high 

thermal and chemical stabilities, and low costs. Alkaline-earth and rare-earth metals ABO3 

perovskites are widely used in energy applications such as MIEC,[1] anode and cathode materials 

in SOFC,[2] high-temperature gas sensors,[3] membrane separation,[4] hydrocarbon oxidation,[5] and 

solar thermochemical fuel production.[6-8] All of these energy applications critically depend on the 

formation of oxygen vacancies and the mobility of vacancies during redox reaction under various 

reaction conditions. In all of these cases, the perovskite metal oxide is subjected to high-

temperatures and low oxygen partial pressures to create oxygen vacancies in the material,[9] 

 O2 → 2OO
x -2VO

••- 4e− (3.1) 

where OO
x , VO

•• , e− represent a lattice site oxide ion, a lattice site oxygen vacancy and an electron 

respectively (using Kröger-Vink notation). The combination of these terms can be considered as 

an effective quasi-chemical particle O2
oxide, i.e. the effective oxygen molecule in the oxide.[9] The 

presence of oxygen vacancies creates non-stoichiometric defects in the crystal lattice, i.e. a non-

stoichiometric oxide ABO3- is produced. Obtaining the thermochemical properties of ABO3-

 perovskite materials as a function of temperature is key for evaluating their potential in oxygen 

deficiency applications. 

A-site alkaline-earth or rare-earth metal cations, such as Ca2+, Sr2+, Ba2+, or La3+, Ce3+, Nd3+, 

Sm3+ and B-site cations from 3d, 4d, 5d  transition metal are of technical interest due to their mixed-
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valence charge states, which significantly affect the chemical and thermal stability of ABO3 

perovskites. For instance, the incorporation of the larger Ba2+ cation in the A-site in cubic ABO3 

promotes oxygen vacancy formation and migration by distorting the crystal structure.[10] 

Introduction of oxygen vacancies in Ba2+M4+O3
2- induces facile electron transfer from the defect 

site into the M4+ 3dn subshell, thereby reducing the B-site cation.[11] 

Commonly these effects are predicted via the vacancy formation energy of the compound. The 

formation energies of defect-free ABO3 perovskites with Ba, Ca, Sr, Y and La metals at the A site, 

and 3d transition metals (Ti − Cu) at the B site were studied by Calle-Vallejo et al.[12] Their results 

reveal that the formation energies of perfect ABO3 perovskites are linearly correlated to the atomic 

number of their B-site cation. The stabilities of these perovskites decreased more slowly along 

with the 3d series from Ti to Cu. Additionally, for a given B-site element the formation energies 

in each group of investigated metal perovskites remained near-independent of A (if there is an 

identical oxidation state in the A-site cation), such as the calculated formation energies of SrCoO3, 

CaCoO3, BaCoO3. Whether these qualitative trends in the structural stability of perfect perovskites 

hold for oxygen-deficient perovskites, remained an open question. In this context, Li et al.[13] 

studied La-based perovskites (LaMO3, M = Sc − Cu) and found that, except for LaFeO3, the 

oxygen vacancy formation energy becomes less positive on moving from LaScO3 to LaCuO3, 

indicating increased reducibility along B-site 3d metal cations Sc − Cu. LaFeO3 proved to be an 

exception here, by virtue of the stability of the d5 configuration obtained upon reduction of Fe3+, 

which is less than that for a Mn3+ B-site cation. However, the extension of these trends to other 

families of perovskites have not yet been explored.  
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Ezbiri et al.[14] studied the effect of the B-site and A-site bonds with oxygen, to investigate the 

free oxygen vacancy formation energy of 12 perovskites (A = Sr, Ba, La; and B = Mn, Co, Ni, 

Cu). They found that the more negative oxygen vacancies formation energy was attributed to the 

large transition metal-oxygen bond length (e.g. the bond length of Co-O in BaCoO3- is 2.078 Å, 

where the Mn-O length in BaMnO3- is 2.061 Å), which enables the formation of relatively stable 

oxygen vacancies. The vacancy formation energy was additionally correlated with the charge 

transfer from the O−2p orbitals to the 3d orbitals of the B-site cation. Specifically, the lower gap 

between these states in BaCoO3-, compared to other perovskites such as BaMnO3-, yields higher 

O2 exchange capacity. 

Although a significant number of oxygen-deficient BaMO− have been studied, so far no 

systematic theoretical work has been reported regarding trends in defect thermochemistry of 

BaMO− for 3d B-site metal cations. In the present Chapter, the trends in temperature-dependent 

reduction free energy of BaMO3
 (M = Ti − Cu) upon oxygen vacancy formation are presented with 

and without thermal corrections for single neutral oxygen defect for temperatures between 0 − 

2000 K. Defect thermochemistry is characterized by phonon and electronic structure analysis. 

Reducibility of BaMO3-  shows a linear relation with respect to the atomic number of B-site 

transition metals under standard conditions. However, predicted reduction free energies at elevated 

temperatures exhibit significant deviations from this expected trend, due to the variation in the 

entropic contribution from the B-site cation to the total free energy. We elucidate the physical 

origins of these deviations via a phonon mode analysis and demonstrate that the inclusion of 

explicit thermochemical corrections is critical for high-temperature properties in these materials 

to be modelled accurately. 
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3.2 Computational Methods  

3.2.1 Electronic Structure Methods 

Spin-polarized DFT calculations were performed using VASP[15] The PBEsol[16] GGA-

functional was employed with PAW-PP[17] for BaMO3 (M = Ti − Cu). The BZ of the unit cells 

were sampled using a 4×4×4 Monkhorst-Pack k-point scheme. A plane-wave basis set was used 

with a 500 eV cut-off criterion, and the total DFT energy was fully optimized with respect to ionic 

position, cell shape and cell volume, using a convergence criterion 1.0 x 10-8 eV. This method 

gives a very accurate total energy calculation.[15] Electron smearing (0.4 eV) was employed using 

the Methfessel-Paxton scheme in order to alleviate SCF convergence issues.[18] For pure elemental 

solids, the elemental ground-state structures are chosen from OQMD[19] and energy calculations 

were carried out with identical set up of energy cut-off (520 eV), Gaussian smearing (0.2 eV), and 

Г-centered k-points meshes with similar number of k-points per reciprocal atom. However, the 

electron exchange and correlation are described in the PBEsol[16] GGA-functional with PAW-

PP[17] instead of PBE with Hubbard corrections as reliable U/J corrections are lacking in 

literature.[19] The structural optimisations were performed by volume, cell shape and ionic 

relaxations using a convergence criterion 1.0 x 10-4 eV/atom  

 

3.2.2 Model Cubic BaMO3 Structures 

BaMO3 (M = Ti − Cu) is assumed to have an ideal cubic structure (space group Pm-3m (221)) 

for all results in this Chapter. The volume of each BaMO3 unit cell was determined by fitting of 

total ground state energies versus molar volume curves using the BM EOS.[20] To obtain the lowest 

energy geometry, additional cell shape and ionic relaxation were carried out, so that a full 

minimization of the internal structural degrees of freedom is given to the atoms. Optimized lattice 
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parameters were obtained after minimizing the stress tensor, and relaxing ionic position and cell 

shape at constant volume. Table 3.1 lists the calculated lattice constants with a comparison to 

available experimental data. The optimized lattice parameters of BaMO3 (M = Ti − Cu) are 

between 3.90 to 3.99 Å. On average, the deviation between the lattice constants of BaMO3 (M = 

Ti − Cu) using PBEsol functional and experimental values are less than 1%. 

 

Table 3.1 Comparison of PBEsol-PAW and experimental lattice parameter (a/Å) of cubic 

BaMO3. 

(a/Å)  BaTiO3 BaVO3 BaCrO3 BaMnO3 BaFeO3 BaCoO3 BaNiO3 BaCuO3 

PBEsol-
PAW  3.99 3.92 3.90 3.91 3.92 3.90 3.90 3.96 

Exp.  4.0[21] 3.94[22] - - 3.97[23] - - - 

 

3.2.3 First-Principles Thermochemical Properties of Cubic BaMO3 (M = Ti − Cu) 

Thermochemical properties including the temperature-dependent internal energy (E), Helmholtz 

free energy (A), heat capacity at constant pressure (Cp) and entropy (S), were calculated using 

DFPT,[24] as described in equations (2.54 − 2.58). A 2×2×2 extension of the crystallographic 

BaMO3 unit cell (40 atoms) was used for all reported thermochemical properties with the number 

of k points reduced accordingly (see Fig. 3.1(a)). This supercell  represents an ideal balance 

between computational efficiency and thermodynamic accuracy, as demonstrated in previous 

investigations[25] showing oxygen vacancy formation energy to be converged within this supercell 

size. The real-space force constants of the crystallographic supercells were calculated using 

DFPT[24] as implemented in VASP,[15] using forces on atoms calculated via finite differences 
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(atomic displacements of 0.01 Å).[24, 26] Phonon modes were then calculated with a Monkhorst-

Pack[27] grid of 48×48×48 q points for the phonon wave vectors, using Phonopy.[28] 

 

Fig. 3.1 2×2×2 supercells of (a) BaMO3, (b) BaMO2.875. The green, cyan and red balls represent 

Ba, M and O atoms, respectively. Aqua surfaces indicate MO3 octahedra and the red circle 

represents position of oxygen vacancy defect in (b). (b) omit Ba for clarity. 

 

3.2.4 Reduction Thermochemistry of Cubic BaMO3- (M = Ti − Cu) 

The reduction free energies of BaMO3- were calculated here in the manner of Deml et al.[29] and 

Ezbiri et al.[14] Single neutral oxygen vacancy was created by randomly removing one oxygen 

atom to afford  values of 0.125 (i.e. 1 oxygen vacancies in the 2×2×2 supercell), see Fig. 3.1(b). 

A number of prior reports have demonstrated that neutral oxygen vacancies, with two trapped 

electrons, are favored in undoped oxides under reducing conditions.[30-33] Therefore, this 

investigation is limited to the formation of neutral oxygen vacancies, since the stoichiometry of 

the perovskite reduction reaction (equation (3.1)) requires the formation of O2 from two neutral 

oxygen atoms. Here, the structures of BaMO3- were fully optimized with cubic symmetry and 

under constant volume conditions, in the manner of Deml et al.[29] and Sundell et al.[25] 

The chemical potential of BaMO3 and BaMO3- can be derived from DFT via,[34] 
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 𝜇(𝑇, 𝑝) = 𝐸𝐷𝐹𝑇 + 𝐸𝑍𝑃𝐸 + ∫ 𝐶𝑝

𝑇

0

𝑑𝑇 + 𝑝𝑉 − 𝑇(𝑆vib(𝑇) − 𝑆𝑐) (3.2) 

where 𝐸DFT is the total DFT electronic energy for the crystalline supercell with volume V, and 

𝐸𝑍𝑃𝐸 is the DFT zero-point vibrational energy correction. The enthalpic and entropic contributions 

to the chemical potential (the third and fifth term, respectively) were calculated via DFPT  equation 

(2.58) and equation (2.57) respectively. The last term 𝑆𝑐 in equation (3.2), is the configurational 

entropy calculated via the standard combinatorial approximation,[35, 36] 

 𝑆𝑐 = 𝑘𝐵 ln [
𝑁!

𝑃!(𝑁−𝑃)!
]   (3.3) 

where N is the number of oxygen atoms in the BaMO3 supercell, and P is the number of vacancy 

defects. The chemical potential for O2 (𝜇(𝑇,  𝑝𝑂2
), is defined as,[34] 

 𝜇(𝑇, 𝑝𝑂2
) = 𝐸𝑖

DFT + 𝐸𝑖
ZPE + [ 𝐻𝑖

𝜃 − 𝐻𝑖
0] + ∫ 𝐶𝑝

𝑇

0
𝑑𝑇 + 𝑅𝑇 ln(𝑝/𝑝𝑖

𝜃) − 𝑇𝑆(𝑇, 𝑝𝑖
𝜃)   (3.4) 

The oxygen chemical potential was taken from Ref.[37] as the total electronic energy (EDFT) due 

to well-known issues regarding plane-wave DFT’s treatment of the O2 triplet ground state.[38] 

Thermochemical corrections were taken from NIST-JANAF thermochemical tables at the 

specified conditions.[39] 

 

3.3 Results and Discussion 

3.3.1 Trends in Formation Energies of Cubic BaMO3 

The chemical reaction of formation of BaMO3 from their elementary components can be defined 

as, 

 𝐵𝑎(𝑠)  + 𝑀(𝑠)  +
3

2
𝑂2(𝑔)  →  𝐵𝑎𝑀𝑂3(𝑠) (3.5) 
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where Ba and M atoms are in their standard solid reference states and O2 is in the gas phase under 

standard conditions. The standard formation energy of BaMO3 can be computed from the Gibbs 

free energy of reaction of equation (3.5), 

 ∆𝐺𝑓
0 = 𝐺𝐵𝑎𝑀𝑂3

0 − 𝐺𝐵𝑎
0 − 𝐺𝑀

0  −  
3

2
𝐺𝑂2

0  (3.6) 

where G0 is the standard Gibbs free energy of the substances involved in the reaction and is 

expressed as, 

 𝐺0 = 𝐸𝐷𝐹𝑇 + 𝑍𝑃𝐸 − 𝑇𝑆0 (3.7) 

where EDFT is the total energy obtained from the DFT calculations, ZPE is the zero-point energy 

estimated from vibration analyses, and TS0 is the product of temperature and entropy at T=298.15 

K. In case of O2, the FERE[40] energy was taken as the total electronic energy (EDFT) due to well-

known issues regarding plane-wave DFT’s treatment of the O2 triplet ground state.[38] 

 

 

Fig. 3.2 Trends in the calculated PBEsol-PAW ∆𝐺𝑓
0 values of BaMO3 (M = Ti – Cu) at standard 

conditions (p° = 1 atm, T = 298 K). The ∆𝐺𝑓
0 values obtained by PBEsol-PAW are compared with 

the RPBE-USPP values at 0 K, reported by Calle-Vallejo et al.[12]. 
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Fig. 3.2 shows the calculated formation energies of cubic BaMO3 (M = Ti − Cu) by PBEsol at 

standard conditions and compared with the reported literature data reported by Calle-Vallejo et 

al.[12] who used the RPBE[41] GGA-XC functional. Despite neglecting entropic and ZPE 

contribution to 𝐺0, formation energies reported by Calle-Vallejo et al.[12] differ from values 

reported here by less than ~15 kJ mol-1. The formation energies of cubic BaMO3 exhibit a linear 

relationship with the atomic number of B-site cation, indicating that the structural stability of this 

series of compounds decreases gradually from BaTiO3 to BaCuO3. The origin of this linear 

relationship is attributed to the strength of the metal-oxygen (M−O) binding energy, which in turn 

is the product of the increase in energy separating the O 2p orbitals and the M d-band center 

moving from Ti to Cu.[42] 

 

3.3.2 Reduction Thermochemistry of Cubic BaMO− at 0 K 

3.3.2.1 Oxygen Vacancy Formation Energies 

The reduction thermochemistry of a perovskite depends critically on the formation and diffusion 

of oxygen vacancies in the material bulk. Ultimately both factors are related to the strength of the 

M−O bonds. The formation energy of a neutral oxygen vacancy (𝐸v) of BaMO− can be defined 

as, 

 𝐸𝑣 = 𝐸𝑑𝑒𝑓𝑒𝑐𝑡 −  𝐸𝑝𝑟𝑖𝑠𝑡𝑖𝑛𝑒 +  𝜇𝑂
𝐹𝐸𝑅𝐸 (3.8) 

where 𝐸defect, 𝐸pristine and 𝜇O
FERE are, respectively, the optimized 0 K DFT energy of the defective 

and pristine BaMO− supercell structures, and the chemical potential of oxygen-derived from 

FERE.[40] This approximation assumes that thermal corrections to 𝐸defect and 𝐸pristine effectively 

cancel, and so does not include them explicitly, enabling high-throughput approaches to 
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identifying new perovskite materials for energy applications.[29] An additional implicit assumption 

in equation (3.8) is that vacancy defect formation is thermodynamically, and not kinetically, 

controlled. For a single defect, 𝐸𝑣 is calculated here at 0 K and reported in Fig. 3.3 and shows a 

linear correlation on moving from BaTiO− to BaCuO−. For the first two BaMO− perovskites 

(M = Ti, V) in this series, the calculated 𝐸v values are fairly high (>430 kJ mol-1), meaning that 

these two perovskites are quite difficult to reduce. BaCrO3 has moderate 𝐸v value of 330 kJ mol-1, 

whereas the remaining three perovskites in this series, BaMO− (M = Mn, Fe, Co) are below 150 

kJ mol-1. The last two BaMO− perovskites (M = Cu, Ni) prefer to undergo reduction, indicating 

that even in the absence of explicit temperature corrections, these materials are intrinsically 

unstable in the cubic phase. 

 

 

Fig. 3.3 Calculated PBEsol-PAW 𝐸𝑣 values (kJ mol-1, per single oxygen defect) of BaMO3-δ 

(M = Ti − Cu). 
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3.3.2.2 Electronic Structures Analysis: Effect of Oxygen Vacancy and B-site Cation 

We now consider analyzing the trends observed in oxygen vacancy formation energy of BaMO3-

 perovskites from the electronic structure of view. In order to do electronic structure analysis, the 

electronic BS have to be investigated together with the corresponding partial density of states 

(PDOS) of BaMO3- perovskites. Effective Bader charges analysis was done with the illustration 

of charge density distribution to depict the localization of vacancy site electrons to the nearby 

cations in BaMO3- lattices. 

The change of electronic band states upon vacancy formation, the electronic BS of pristine- and 

defect-BaMO3- (M = Ti − Cu) are illustrated along with high symmetry directions (Γ-X-M-Γ-R-

M-Γ) in the BZ in Fig. 3.4(a-h). Fig. 3.4 shows that, generally, the position of EF gradually shifts 

from the bottom of the conduction band to the upper level with respect to the increasing d-electron 

at B-site cation moving across BaTiO3 to BaCuO3. The figure shows that the pristine and defective 

perovskites considered here become increasingly metallic from left to right in this series. This 

indicates a progressive weakening of the M-O bond across the series, which in turn enhances the 

reduction of M4+ cation in the presence of a neutral vacancy defect. This observation was well 

established by several other studies.[43, 44] Further, for B-site cations closer to the middle of the 

series, BaMO3 are increasingly ferromagnetic. In pristine-BaTiO3 (Fig. 3.4(a)), Ti4+ has a d0 

configuration, and so the material is an insulator, in accordance with experimental observations.[45, 

46] Fig. 3.4(a) shows a direct bandgap at Γ for both spin-up and -down channels. However, the 

presence of a single neutral oxygen vacancy in BaTiO supercell (Fig. 3.4(a (right)) leads to the 

new fully occupied band below the conduction band minimum in pristine-BaTiO3 and shifts the 

Fermi level (EF) from the top of the valence band in BaTiO3 to the bottom of the conduction band 

in BaTiO. Reduction of the supercell, therefore, provides electrons into the conduction band 
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through the spin-up channel, inducing n-type conductivity. This transition of BaTiO−  from 

insulating to metallic behavior through oxygen vacancy formation has been discussed 

previously.[47] Pristine-BaVO (Fig. 3.4(b (left)), for which V4+ is found in a d1 configuration is 

metallic using the selected level of theory, which is consistent with experimental observations.[22] 

In the defect structure (Fig. 3.4(b (right)), EF shifts slightly upward which reduce the bandgap for 

both spin-up and spin-down bands. Similar to BaTiO  there exists a direct bandgap at Γ -points 

in both pristine and defect structure of BaVO−, and the spin-up bands dominate below the Fermi 

level in defect structure. However, BaVO shows a slight half-metallic character. In BaCrO3, 

(Fig. 3.4(c)) the Cr4+ B-site cation has a d2 configuration, and this half-metallic character is far 

more pronounced for both the pristine and defect supercells. Although the spin-down channel 

present a bandgap in both pristine and defect structures, the spin-up channel is metallic and 

populated below the fermi level in both structures, yielding a metallic state.[48] Conductivity is thus 

largely attributed to spin-up channel in both pristine-BaCrO3 and defective-BaCrO2.875. Similar 

ferromagnetic behavior is observed in the pristine and defective BaMnO3- BS (Fig. 3.4(d)), except 

here EF lies at the middle of bandgap between spin-down bands, while in case of BaCrO3-  EF is 

located just below the conduction band minima. However, in both materials conductivity can 

clearly be attributed to a single spin channel. This is not the case for BaFeO3, BaCoO3 and BaNiO3, 

for which both spin-up and -down channels indicate metallic behavior (see Fig. 3.4(e-g)). Fig. 

3.4(e) suggesting that both pristine and defective-BaFeO3 is clearly ferromagnetic, with notable 

spin asymmetry near the Fermi level. Interestingly, pristine-BaCuO3 (Fig. 3.4(h)) exhibits a direct 

bandgap at Γ -point, where this gap becomes narrower in its defect structure. Additionally, the 

spin-up and spin-down bands in this material are largely symmetric, due to the decreasing unpaired 

electron number in d-orbitals where the contribution of the net magnetic moment also reduced.  
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Fig. 3.4 Spin-polarized electronic BS of representative 2 × 2 × 2 supercell of pristine-BaMO (M 

= Ti − Cu) (left) and defect-BaMO (right) along high symmetry directions in the BZ. The solid 

yellow and dashed blue lines represent different spin channels (spin-up and spin-down, 

respectively). (a) BaTiO (b) BaVO (c) BaCrO (d) BaMnO (e) BaFeO (f) BaCoO (g) 

BaNiO and (h) BaCuO 

 

This trend of magnetic moment is observed over the BaMO3- series moving across Ti to Cu at 

B-site, where the asymmetric population between spin-up and spin-down is stronger between the 

middle four cations at the B-site from Cr to Co and coherently lowering the asymmetricity in the 

opposite direction of both sides from the middle four cations, which reduce with respect to the 

decreasing unpaired electrons in d-orbitals. 

In cubic BaMO perovskites, the M4+ d orbitals are split into two sets: the triply-degenerate lower 

energy t2g orbitals (dxy, dyz and dxz), and the doubly-degenerate higher energy eg orbitals (dz
2, dx

2
-

y
2). In order to obtain a deeper insight into the population of electronic charge among the pristine- 

and defect-BaMO3-δ (M = Ti − Cu) electronic band compositions, the partial density of M4+-t2g, -

eg and O-2p states for all BaMO and BaMO2.875  perovskites are shown in Fig. 3.5(a-h). For 

pristine-BaTiO (Fig. 3.5(a)), the Ti4+ t2g orbitals lie ~2 eV above EF in the conduction band. The 

formation of a neutral oxygen vacancy defect in the BaTiO supercell results in the reduction of 

these orbitals. This is also the case for BaVO3 (Fig. 3.5(b)). However, it is noted that the energy 

associated with the occupation of the d-t2g states in BaVO  is significantly smaller than for 

BaTiO (e.g. ~1 eV, compared to ~2 eV). In both perovskites, PDOS values of d-t2g and d-t2g 

show symmetric population over the conduction band energy region, however, the emergence of 

the ferromagnetic behavior in BaVO  sees the V4+ d-t2g states shifted marginally lower in 
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energy than those in the down-spin channel. As anticipated, far more noticeable changes in PDOS 

are observed for BaCrO and BaCrO2.875  (Fig. 3.5(c)). For the pristine supercell here, reduction of 

the Cr4+ cation occupies d-t2g orbitals exclusively. This is also true for the defective supercell, 

with the exception of a small d-t2g DOS close to EF. Reduction of the Cr4+ cation here is 

incomplete, however, since O-2p states at these energies are also occupied to a small extent. For 

BaMnO3, conducting states again correspond to the Mn4+ d-t2g orbitals, and again these are the 

orbitals that are exclusively reduced by the formation of a neutral vacancy defect, with Mn4+ d-t2g 

spin states remaining in the conduction band. Fig. 3.5(d) shows however, that the Mn d-t2g and 

O-2p states are closer in energy, and so the partial reduction of the B-site cation observed for 

BaCrO3 is more significant for BaMnO3. For both the pristine and defective-BaMnO3 perovskite, 

the amplitude of d-eg spin states immediately below the Fermi level is minimal but non-zero. This 

indicates that Mn4+ d-eg states compete with d-t2g states for O-2p electrons in the presence of the 

neutral vacancy. The same mixing of eg and t2g is observed more prominently in pristine-

BaFeO (Fig. 3.5(e (left)), where a significant number of d-eg states are observed immediately 

below EF with d-t2g states and O-2p states. This indicates a predominantly high spin configuration 

(t2g
3eg

1) for Fe4+ cations in the pristine perovskite lattice. In defective-BaFeO2.875 (Fig. 3.5(e 

(right)), d-t2g states are populated below the Fermi level, where other contributions remain 

identical to their pristine structure, which means additional electrons in the defect structure will 

occupy lower d-t2g energy states. PDOS for pristine- and defective-BaCoO3 bear a strong 

resemblance to those for BaFeCo3 (comparing Fig. 3.5(e) and 3.5(f))), meaning that Co4+ cations 

also preferentially adopt a high-spin configuration (t2g
3eg

2). The Ni4+ in pristine-BaNiO2.875 (Fig. 

3.5(g (left)) holds high spin configuration (t2g
5eg

2) by pushing down d-eg energy states below the 

Fermi level, where the occupancy of d-eg states remain similar in defect structure.  
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Fig. 3.5 PDOS of representative pristine-BaMO (M = Ti − Cu) (left) and defect-BaMO− (right). 

The black dashed lines represent the Fermi energy level of each perovskite set to 0 eV. The color 

lines − blue represents the PDOS of corresponding B-site metals of M-3d t2g orbital, green 
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represents the PDOS of M-3d eg orbital, and the red line represents the PDOS of O-2p orbital for 

respective BaMO perovskites. The arrow in the upper left depicted PDOS values for spin-up and 

the upper right for spin-down. (a) BaTiO, (b) BaVO, (c) BaCrO, (d) BaMnO, (e) BaFeO, (f) 

BaCoO, (g) BaNiO, and (h) BaCuO. 

 

Interestingly, the d-eg and d-t2g maintain a gap between -2 to -3 eV in pristine-BaCuO3 (Fig. 3.5(h 

(left)), where high energy state d-eg have a dominant nature at -2 eV. The spin configuration of 

Cu4+ in Cu−O6 octahedra remain in low spin states (t2g
6eg

1). The exiting gap in pristine-BaCuO2.875 

is filled up by the hybridization of d-eg and O-2p states in its defect structure. 

In order to shed light on charge transfer and redistribution in defective-BaMO− lattice upon 

oxygen vacancy formation, Bader charge analysis[49] was performed in both the pristine and 

defective supercell of the BaMO3 series. The calculated effective Bader charges on Ba, M and O 

ions in pristine and oxygen-deficient BaMO− supercell are reported in Table 3.2. The Bader 

charge distribution on each species in the pristine structure suggests that, although the charge on 

Ba cations from BaTiO3 to BaCuO3 only vary between +1.55 to +1.62 e, there is a significant 

variation in the charges of M cations from left to the right in this series. The decrease in the positive 

charges of M cations from Ti to Cu follows a linear correlation with their increasing electron 

number in the d-shell. This implies that the degree of ionic and covalent contribution in M−O 

bonding from Ti to Cu vary accordingly, where Ti−O bonding has the most ionic contribution and 

thus less covalency, oppositely Cu−O interaction has the less ionic but most covalent contribution 

in this series. That is, Ti−O interaction becomes the most polarized and Cu−O interaction is the 

least polarized. Remarkably, the charge in Ba cation is less positive than the M cation for the first 

five perovskites in this series from BaTiO3 to BaFeO3, and more positive in the rest three 
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perovskites from BaCoO3 to BaCuO3. Therefore, the ionic contribution in Ba−O is lesser than M−O 

from Ti to Fe, and greater than M−O from Co to Cu, so that the degree of covalency in Ba−O 

follows the opposite trends among this series. 

 

Table 3.2 Calculated Bader charges (q in e) on Ba, M and O ions in the 2×2×2 pristine- and 

defect-BaMO− supercells. Values are averaged over the number of species. qM1 and qM2 (M1 and 

M2 cations are marked in Fig. 3.6 (right)) represent the quantity of electronic charges of the two 

nearest neighbor metal cations from the vacancy site in the lattice. 

 

 BaTiO3 BaVO3 BaCrO3 BaMnO3 BaFeO3 BaCoO3 BaNiO3 BaCuO3 

 Before introducing vacancy in supercell 

qBa +1.55 +1.58 +1.59 +1.59 +1.60 +1.61 +1.62 +1.60 

qM +2.12 +2.01 +1.90 +1.80 +1.66 +1.49 +1.36 +1.31 

qO -1.22 -1.20 -1.16 -1.13 -1.09 -1.03 -0.99 -0.97 

 After the creation of oxygen vacancy in supercell 

qBa +1.52 +1.55 +1.57 +1.56 +1.58 +1.59 +1.60 +1.58 

qM +2.03 +1.92 +1.80 +1.74 +1.61 +1.43 +1.31 +1.26 

qM1 +1.79 +1.64 +1.59 +1.56 +1.40 +1.25 +1.15 +1.11 

qM2 +1.82 +1.67 +1.60 +1.57 +1.43 +1.26 +1.16 +1.12 

qO -1.24 -1.21 -1.17 -1.15 -1.11 -1.05 -1.01 -0.99 

 

The qualitative analysis of charge on O anions among these eight BaMO3 perovskites show that, 

perovskite contain less negative charge on the O anion from left to right of this series. 
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Consequently, the energy required to break the M−O bond is reduced with respect to the weakly 

charged oxygen. This can be attributed to the trend of the required free energy to form an oxygen 

vacancy in BaMO3 (M = Ti − Cu) as shown in Fig. 3.3, where BaCuO3 (containing weakly charged 

oxygen) and BaTiO3 (containing strongly charged oxygen) required the lowest and highest energy 

respectively to form an oxygen vacancy in this series. On the other hand, the presence of an oxygen 

vacancy in defective-BaMO2.875 supercell reduces the positive charge of Ba cation slightly (1−2%) 

compared to the pristine lattice, but to a greater extent (4−5%) to the corresponding M cations (see 

Table 3.2). The Bader charges in the defect structure maintain almost identical character to their 

pristine structure in terms of the degree of ionic contribution and covalency in Ba−O and M−O 

interactions from left to right in this series of perovskites. 

The quantity of electric charge transferred from the vacant oxygen site to the M cations is shown 

in Fig 3.6(a). The accumulation of negative charge among M cations in defect structure also has a 

linear correlation with their atomic number, where this correlation has negligible effects on the 

charge gained by Ba cation. Comparably, the proportion of negative charge gained by the Ba 

cations is mostly invariant irrespective of perovskites. These gained charges by M cation is related 

to the ionic and covalent nature of M−O interactions, where the dominant ionic environment favors 

greatly the localization of electrons on the ions. The percentages of negative electron charge 

accepted by the two nearest neighbor M cations are shown in Fig. 3.6(b). It is evident from the 

figure that, the total negative charge transferred from the vacant site to the M site in the lattice 

(Fig. 3.6(a)), is mostly distributed to the two nearest neighbor M cations (Fig. 3.6(b)), which causes 

these two cations to be significantly reduced. This scenario can be viewed in terms of the charge 

density distribution analysis in Fig. 3.7(a-h). 
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Fig. 3.6 (a) The percentage of electrons accepted by two cations (Ba and M (Ti − Cu)) in 

BaMO2.875 lattice upon oxygen vacancy formation. The green and blue bars represent the amount 

of Bader charges (q in e) transferred from the vacant site to Ba and metal cations (M), respectively 

in respective perovskite. (b) The percentage of electrons accepted by the two nearest neighbor 

metal (NN-M) cations (qMx, x=1, 2) from the total transferred charge to M (qM) in (a). The right-

side figure shows the position of two NN-M cations - M1 and M2, oxygen vacancy (VO
••) and Ba 

cation in BaMO2.875 lattice. 
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Fig. 3.7 Electronic CDD of representative (a) BaTiO2.875, (b) BaVO2.875, (c) BaCrO2.875, (d) 

BaMnO2.875, (e) BaFeO2.875, (f) BaCoO2.875, (g) BaNiO2.875, and (h) BaCuO2.875. Green, violet and 

red spheres represent Ba, M and O atoms, respectively. For the CDD analysis, 2×2×2 pristine 

BaMO3 (M = Ti – Cu) is taken as the reference density in all cases with oxygen vacancy in the 

neutral charge state. CDD isosurfaces are drawn with a threshold of 0.002 e au-3; yellow/blue 

isosurface represents charge depletion/accumulation. 

 

3.3.3 Reduction Thermochemistry of Cubic BaMO− with Thermal Corrections 

3.3.3.1 Temperature-Dependent Reduction Free Energies 

To consider how the incorporation of explicit DFPT thermochemical corrections influence these 

trend at high-temperature, the Gibbs free energies of reduction (∆GRR) of BaMO2.875 (i.e. BaMO3 

→ BaMO2.875 + /2O2) at temperature T and pressure p can be calculated as, 

 ∆𝐺𝑅𝑅(𝑇, 𝑝) =  𝜇𝐵𝑎𝑀𝑂2.875
(𝑇, 𝑝) − 𝜇𝐵𝑎𝑀𝑂3

(𝑇, 𝑝) +
1

2
 𝜇(𝑇,  𝑝𝑂2

) (3.9) 

Table 3.3 lists ∆GRR at standard conditions and selected temperatures (relevant for a high-

temperature process such as STWS) for the production of a single vacancy defect, i.e. 8BaMO3 → 

8BaMO2.875 + 1/2O2. At standard conditions, there is very good agreement between 𝐸v and ∆GRR 

values trends across the BaMO3 series. However, thermochemical corrections to 𝐸v for BaMO3 

can no longer be ignored even at minimal temperatures relevant to some oxygen deficiency 

applications (e.g. ~1200 K). At these temperatures, thermal corrections lead to the BaMO3 

reduction energy changing by ~300 kJ mol-1. Further, ∆GRR values for different B-site cation in 

BaMO3 begin to deviate noticeably from each other. 
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Table 3.3 Calculated PBEsol-PAW ∆GRR values of cubic BaMO at standard conditions and 

at the selected temperatures for solar-to-fuel conversion applications. 

 

T (K) BaTiO3 BaVO3 BaCrO3 BaMnO3 BaFeO3 BaCoO3 BaNiO3 BaCuO3 

  kJ mol-1 

298.15  428.12 371.75 274.36 76.975 88.55 -7.90 -78.06 -127.36 

1200  188.27 192.49 60.87 -179.75 -49.71 -160.92 -176.23 -245.23 

1800  9.62 75.85 -97.07 -372.12 -142.31 -260.76 -228.95 -322.89 

 

The loss of the linear correlation at high-temperature, shown in Fig 3.8(a), suggests that the trends 

in the reduction free energy cannot be rationalized simply in terms of the atomic number of the B-

site cation. For instance, ∆GRR for the reduction of pristine BaTiO3 to BaTiO2.875 is 188 kJ mol-1 at 

1200 K, a value 300 kJ mol-1 less endothermic than the 0 K value, while at the same temperature 

difference, the ∆GRR value differs by 240 kJ mol-1 for the reduction of BaVO3 to BaVO2.875. At 

higher temperature, these deviations in ∆GRR values increase further for all perovskites in this 

series. For instance, a maximum decrease of ~480 kJ mol-1 is observed between 0 K and 1800 K 

for BaTiO3, as reported in Table 3.3. These trends can be attributed to the change in temperature-

dependent entropic contributions of pristine and defect structures on the individual BaMO2.875 free 

energy (see Fig. 3.9(a, b)). For example, the entropic contributions between BaTiO3 and BaVO3 

(containing two nearest neighbor M cations) differ by 234 kJ mol-1, while this difference is only 

98 kJ mol-1 between the last two perovskites in the series, BaNiO3 and BaCuO3. 
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Fig. 3.8 (a) Calculated PBEsol-PAW ∆GRR values (kJ mol-1, per single oxygen defect) 

(equation (3.9)) for BaMO−  (M = Ti − Cu) at temperatures between 0 – 2000 K and p° = 1 atm. 

(b) Symbols indicate the minimum spontaneous reduction temperature for BaMO−. All ∆GRR 

values at 𝑃𝑂2
= 10−6 atm. 

 

Fig. 3.8(b) presents the spontaneous reduction temperature of these BaMO− perovskites. This 

figure shows that the most stable perovskite in the series is BaVO3, which only undergoes 

reduction at 2200 K. This perovskite has almost identical energetic as observed in BaZrO3 and so 

could be expected to exhibit similar thermochemistry and hence potential in HT-SOFC 
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technology.[50-52] BaTiO3  and BaCrO3 reduce at 1850 and 1450 K, respectively, and so both 

perovskites are in the favorable reduction temperature range for solar-to-fuel conversion 

applications (1100 − 1900 K).[53] This result for BaTiO3 is consistent with experiments 

demonstrating it to be a thermally stable perovskite at high temperature yielding good performance 

as an anode for the conversion of methane in HT-SOFC.[54, 55] Experimental synthesis of BaCrO3 

shows the formation of an oxygen deficiency at ~1473 K. This perovskite has also been identified 

as a potential SOFC anode material due to its high oxide ion conductivity.[56] 

 

Fig. 3.9 Calculated PBEsol-PAW entropy, S (J K-1 mol-1) of (a) pristine-BaMO3 and (b) 

defective-BaMO2.875 between 0 – 2000 K using 2 × 2 × 2 supercells. 

 

By comparison, BaMnO3  and BaFeO3 reduce below 1100 K, suggesting their potentiality to be 

used in IT-SOFC applications. It is therefore not surprising that BaMnO3  is highly active in IT-

SOFC applications for NO decomposition.[57, 58] Similarly, Xian et al.[59, 60] experimentally 

demonstrated that BaFeO3 is an efficient NO absorber. The remaining three BaMO3 perovskites 

considered here (M = Co, Ni, Cu) are predicted to reduce below 400 K. This is in good agreement 

with the observation of Ezbiri et al.[14] who found low reduction free energy for these three 
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perovskites. These perovskite oxides are therefore promising as ORR/OER materials in SOFC, 

due to the weaker M−O bond. The latter facilitates the easier formation of oxygen vacancies within 

the lattice, fast oxygen ion diffusion in bulk and facile surface oxygen exchange reactions.[61, 62] 

 

3.3.3.2 Phonon Analysis: Effect of B-site Cation and Oxygen Vacancy 

The influence of B-site cations on the vibrational structure of BaMO3- are shown in Fig. 3.10(a-

f), which compares the VDOS of representative BaMO2.875 structures for M = Ti – Cu. Fig. 3.10(a) 

shows that the range of phonon frequencies associated with A-site cations in BaMO3 occurs 

between 0-200 cm-1, with the principle vibrational mode observed at ~100 cm-1. There is no shift 

in either of these vibrational frequencies with the change of metal cation in the B-site. However, 

the amplitude of Ba2+ vibrations varies among different B-site atoms. For instance, the peak 

amplitude of Ba2+ vibrations reaches an energetic maximum in BaCuO3, where it drops to the 

minimum in BaTiO3 among the BaMnO3 series. Overall, the amplitude of Ba vibrations increases 

gradually moving across the pristine structure of BaTiO3 to BaCuO3. Interestingly, there is a large 

decrease in the VDOS of these vibrations (Fig. 3.10(b)) in defective BaMO2.875 as the A-site cations 

become less energetic. This indicates that neutral oxygen vacancies in the BaMO2.875 lattice 

constrict the vibrational motion of the A-site cation in these perovskites. The introduction of 

neutral vacancy defects in BaMO2.875 has similar, but more limited, effects on the B-site cations 

VDOS, shown in Fig. 3.10(c, d). Notably, the amplitudes of frequencies between ~150 – 500 cm-

1 decrease for all BaMO2.875, but the frequency ranges shift from higher to lower scale with respect 

to the metallic mass of B-site cations. Fig. 3.10(e, f) shows the VDOS associated with O2- 

vibrations in the pristine-BaMO3 (Fig. 3.10(e)) and defective-BaMO2.875 (Fig. 3.10(f)) lattice. 
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Fig. 3.10 VDOS of Ba2+ cations in (a) pristine-BaMO and (b) defect-BaMO2.875; VDOS of M4+ 

cations in (c) pristine-BaMO and (d) defect-BaMO2.875; VDOS of O2- anions in (c) pristine-

BaMO and (d) defect-BaMO2.875, calculated using PBEsol-PAW. 
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As for Ba2+ and M4+, the introduction of neutral vacancy defects in BaMO2.875 decreases the 

VDOS in both regions of the phonon spectrum for O2-. The most noticeable change in the VDOS 

of O2- vibrations in the defective structure is that the principal phonon modes shift towards a higher 

frequency range than their pristine structure. For instance, the principal phonon modes associated 

with O2- vibrations in pristine BaCuO3 is observed at ~180 cm-1, while for a defective structure it 

shifts at ~250 cm-1. Similar trends are observed among all other defective BaMO2.875. Overall, the 

phonon vibration of BaMO2.875 becomes more energetic, moving across BaTiO2.875 to BaCuO2.875, 

consistent with the reducibility of corresponding perovskite oxides. 

 

3.3.4 Thermochemical Properties and Phonon Dispersions of Cubic BaMO3 

3.3.4.1 Effect of B-site Cation on Thermochemical Properties 

Vibrational S, Cp and (H(T)-H(298.15)) of BaMO3 (M = Ti − Cu) calculated using DFPT are 

reported in Table 3.4 at standard conditions and shown in Fig. 3.11(a-c) from 0 K to 2000 K. The 

variation on thermochemical properties among BaMO3 perovskites along this 3d series is directly 

proportional to the B-site cation mass; a more massive B-site cation leads to a larger contribution 

to the perovskite’s phonon modes, and therefore thermochemical properties. For instance, the S 

value of BaTiO3 (the lowest mass of B-site atoms between Ti − Cu) is 103.67 J K-1 mol-1 at standard 

conditions while for BaCuO3 (the highest mass of B-site atoms between  Ti − Cu) it is 134.43 J K-

1 mol-1, a difference of ~30 J K-1 mol-1. With increasing temperature, the S values of all BaMO3 

perovskites have smoother curves with respect to temperature in Fig. 3.11(a).  

The temperature dependence Cp of BaMO3 are reported in Fig. 3.11(b) from 0 to 2000 K. The 

quasi-harmonic contributions of BaMO3 arising from thermal expansion coefficient, bulk modulus 

and volume changes with temperature are provided in Appendix (Fig. 6.1). The variation of Cp 
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with temperature obeys the Debye T3 law at low temperature below 500 K, whereas it departs from 

the classic limit of Dulong-Petit’s law due to quasi-harmonic contributions at higher temperatures. 

Nevertheless, trends in Cp values among this series of BaMO3 perovskites are determined by the 

mass of the B-site cation. For instance, BaCuO3 has the Cp value of 113.96 J K-1 mol-1 which drops 

to 99.08 J K-1 mol-1 in case of BaTiO3 at standard conditions, reported in Table 3.4 (a change of 

~14 J K-1 mol-1). This change of Cp values gradually increases along with the 3d series from Ti to 

Cu, however, with increasing temperature this difference drops to be zero at 2000 K irrespective 

of B-site atoms. Notably, three BaMO3 perovskites (M = Ti, Cr, Mn) slightly underestimate the Cp 

values due to their imaginary phonon frequency at certain high symmetry points arising from their 

unstable cubic phase at low temperature. 

Table 3.4 Calculated PBEsol-PAW S and Cp values of cubic BaMO3 at standard condition. 

(J K-1 

mol-1) BaTiO3 BaVO3 BaCrO3 BaMnO3 BaFeO3 BaCoO3 BaNiO3 BaCuO3 

S  103.67 99.40 107.03 106.54 118.94 124.41 136.43 134.63 

Cp  99.08 103.06 102.53 100.86 108.62 110.95 113.05 113.96 

  

The calculated (H(T)-H(298.15)) of BaMO3 as a function of temperature is depicted from 0 to 

2000 K in Fig. 3.11(c). It is found that the relative molar enthalpies of all BaMO3 perovskites 

increase linearly with temperature. At a given temperature the values of relative molar enthalpies 

among BaMO3 perovskites are similar. For instance, at 300 K temperature the difference between 

(H(T)-H(298.15)) values of BaTiO3 and BaCuO3 is found to be ~0.02 kJ mol-1, while at 2000 K it 

increases up to 6 kJ mol-1. These trends remain identical for all BaMO3 perovskites, while (H(T)-

H(298.15)) values fractionally increase with temperature among BaMO3 perovskites along 3d 

series from Ti to Cu. 
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Fig. 3.11 Calculated PBEsol-PAW (a) S (J K-1 mol-1), (b) Cp (J K-1 mol-1), and (c) (H(T)-

H(298.15 K)) (kJ mol-1) of the primitive unit cell of BaMO3 (M = Ti − Cu) between 0 – 2000 K. 

Note the difference between these entropies and those presented in Fig. 3.9 is due to the size of the 

periodic cell used in each case. 
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3.3.4.2 Effect of B-site Cation on Phonon Dispersions and VDOS 

The origin of vibrational contributions to the entropy, specific heat and relative molar enthalpy 

can be described in terms of phonon BS and projected VDOS. The cubic phonon dispersion curves 

of BaMO3 (M = Ti − Cu) are calculated along the high symmetry directions Γ-M-R-X-Γ-R in the 

BZ, as shown in Fig. 3.12(a-h). Among them BaVO3, BaCoO3, BaNiO3 and BaCuO3 exhibit stable 

phonon modes at all high-symmetry points in BZ (Fig. 3.12(b, f, g, h)), while BaTiO3, BaCrO3, 

BaMnO3 and BaFeO3 have lattice instabilities at some points (Fig. 3.12(a, c, d, e), respectively). 

For instance, BaTiO3 and BaMnO3 exhibit imaginary unstable phonon modes at Γ, M and X, while 

BaCrO3 shows imaginary modes at Γ and X, and BaFeO3 shows imaginary modes at R point. For 

BaTiO3 and BaMnO3, this is anticipated based on previous reports.[63, 64]  

The most unstable high-symmetry instabilities of these two perovskites are at Γ points with an 

imaginary frequency around -200 and -220 cm-1 for BaTiO3 and BaMnO3 respectively, which both 

correspond to a polar vibrational mode consisting predominantly of Ti (Fig. 3.13(a (left)) and Mn 

(Fig. 3.13(b (left)) displacement within the MO3 octahedral sublattice, while octahedra oxygen 

atoms remain largely frozen. The other unstable modes at the M-point (Fig. 3.13(a (center)) and 

X-point (Fig. 3.13(a (right)) of BaTiO3 correspond to the branches of Ti-dominated transverse 

optic modes. These structural instabilities in BaTiO3 cause the cubic structure to undergo several 

phase transitions at high temperature, to phases including tetragonal, orthorhombic and 

rhombohedral (which is the most stable).[65] In contrast, the imaginary frequency at X-point for 

BaMnO3 arises from the breathing of oxygen octahedra associated with the vibrational movement 

of two adjacent oxygens towards the Mn cation, while two others move against Mn (Fig. 3.13(b 

(center)). However, the instability at M-point is dominated by the displacement of apical oxygen 

atoms rather than oxygen octahedral rotation (Fig. 3.13(c (right)). 
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Fig. 3.12 Calculated PBEsol-PAW phonon dispersion curves (left) and VDOS (right) for the 

cubic unit cells of (a) BaTiO3, (b) BaVO3, (c) BaCrO3, (d) BaMnO3, (e) BaFeO3, (f) BaCoO3, (g) 

BaNiO3, (h) BaCuO3. 

 

On cooling the temperature, Mn−O bond length and Mn−O−Mn bond angle can be displaced 

which results in structural distortion in BaMnO3, and consequently the cubic structure (stable at 

high temperature) transforms to a hexagonal structure at lower temperatures via several phase 
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transitions.[66] On the other hand, for BaCrO3 the imaginary mode (-170 cm-1) at Γ is dominated 

by the Cr−O displacement (Fig. 3.13(c (left)), while that at X corresponds to the rotation of CrO3 

octahedra (Fig. 3.13(c (right)). Finally, BaFeO3 shows an imaginary frequency of -150 cm-1 at R, 

due to oxygen anions vibrating towards and against Fe (Fig. 3.13(d)). The corresponding 

imaginary phonon modes of the respective crystal structure were accounted for predicting their 

thermodynamic properties shown in Fig. 3.11. 

The corresponding VDOS of BaFeO3 (Fig. 3.12(e (right)) confirms the vibrational frequency of 

oxygen anions in this range. The projected VDOS of cubic BaMO3 (M = Ti − Cu) shown in Fig. 

3.12(a-h (right)) can be categorized into three different frequency regimes: low-, intermediate- and 

high-frequency. The lower-frequency regime consists of 0 − 200 cm-1, dominated by the 

vibrational motion of heavier metallic mass cation Ba2+, while the intermediate-frequency range 

between 200 − 400 cm-1, associated with the respective 3d M4+ metal cation in individual 

perovskite of BaMO3 and the optic modes between 200 − 400 cm-1 frequency range mostly 

governed by the motion of oxygen anions. This is consistent with the respective masses of Ba2+, 

M4+ and O2- ions. 

Comparing all the A-site and B-site cationic VDOS contributions and the oxygen anion vibration 

in BaMO3 moving across Ti to Cu at B-site, it can be clearly seen in Fig. 3.12(a-h (right)) that the 

amplitude of all ionic phonon frequencies gradually increase along the 3d series. That is, lattices 

become more energetic from BaTiO3 to BaCuO3. This can be attributed to the relative mass of B-

site cations to A-site cations as they remain the same irrespective of metal at B-site in BaMO3. The 

principle vibrational mode of Ba2+ is observed at ~100 cm-1, where no frequency shifting is 

observed from BaTiO3 to BaCuO3.  However, the phonon frequency of B-site cations and oxygen 

anions slowly shift from a higher to lower regime across Ti to Cu at B-site in BaMO3 due to the 
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same reason of metallic masses (heavier atoms vibrate to low-frequency regimes with higher 

amplitude). Notably, the principle modes of B-site cations are observed at ~200 cm-1. 

 

 

Fig. 3.13 Representation of unstable phonon modes associated with the vibration of (a) BaTiO3 

at the q-points of Г (left), M (center) and X (right); (b) BaMnO3 at the q-points of Г (left), M 

(center) and X (right); (c) BaCrO3 at the q-points of Г (left) and X (right); (d) BaFeO3 at the q-

points of R. Atom colors as per Fig. 3.1. 
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3.4 Conclusion 

In this Chapter, general trends in the calculated formation energies and reducibility of Ba-based 

perovskites with 3d transition metal B-site cations were characterized. These trends are attributed 

to the atomic number of the B-site cation and their corresponding valence electrons. Analysis of 

oxygen vacancy formation energies with thermal corrections demonstrated here that the first three 

perovskites BaMO3- (M = Ti, V, Cr) reduce at very high temperature (>1400 K), where the middle 

two BaMnO3-  and BaFeO3- reduce under mild conditions (<1100 K), and the remaining three 

BaMO3-δ (M = Co, Ni, Cu) perovskites reduced below 400 K, which defines the degree of 

reducibility moving across BaTiO3-δ to BaCuO3-δ.  

The energy required to transfer liberated electrons from an oxygen vacancy to the 3d subshell of 

transition metals collectively determines the reduction free energy of BaMO3-δ (M = Ti − Cu). The 

variation in entropic contributions of an individual perovskite to the reduction free energy, which 

can be attributed to their corresponding phonon contributions, leads the deviation of high-

temperature reduction free energy trends from standard conditions. Analysis of phonon spectra 

and corresponding VDOS of eight BaMO3-δ (M = Ti − Cu) cubic structures demonstrates the 

stability of BaVO3, BaCoO3, BaNiO3 and BaCuO3 structures, and the origin of instabilities among 

the other four structures of BaTiO3, BaCrO3, BaMnO3 and BaFeO3. The variation in vibrational 

contributions among these lattices is attributed to their corresponding B-site atoms due to their 

metallic masses.  

Thermochemical properties of BaMO3-δ such as entropies, specific heats and relative molar 

enthalpies at low- and high-temperatures show consistency moving across BaTiO3 to BaCuO3 over 

the temperature range 0 – 2000 K. From the quantitative prediction of thermochemical properties, 

it is evident that the higher masses of the B-site cation have comparatively higher entropic 
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contributions. Additionally, the vibrational contributions become significant along the 3d series of 

BaMO3-δ; thus, their corresponding lattices have gradually higher internal energies.  

This work provides valuable insight about the structural stability, thermochemical properties and 

reduction free energies of BaMO3-δ. Nevertheless, the overall DFT predicted reduction 

thermochemistry of BaMO3-δ (M = Ti − Cu) with the thermal correction at high-temperature gives 

sufficient insight both qualitatively and quantitatively towards their use in temperature-dependent 

energy conversion applications. 
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Chapter 4: Trends in High-Temperature Reduction Thermochemistry of RCoO3 (R = La, 

Ce, Nd, Sm): Effects of A-site Cation 

 

4.1 Introduction 

Chapter 3 studied the effect of the B-site cation into the structural, thermochemical and reduction 

properties of perovskite materials. This chapter discusses the variation of the A-site composition 

on the properties of the perovskites with rare earth element (R3+) as A-site cation and transition 

metal (e.g. Co3+) as B-site. From the B-site metals studied in Chapter 3, Co has been selected for 

the study of A-site element. The reason behind the investigation of Co at B-site is, Co3+ in an 

octahedral coordination environment can exist either in a low-spin state (LS, t2g
6eg

0, S = 0), an 

intermediate-spin state (IS, t2g
5eg

1, S = 1), or even a high-spin state (HS, t2g
4eg

2, S = 2) depending 

on temperature.[1-4] These temperature-dependent electronic properties and the stability under both 

high temperature and oxidizing conditions make cobalt lanthanide-based RCoO3 perovskites 

excellent candidates for electrocatalytic applications (such as ORR and OER) at intermediate 

temperature (900 – 1200 K),[3, 5-7] and as catalyst precursors for the conversion of methane to 

synthesis gas.[8] In addition, Emery et al.[9] demonstrated that RCoO3 (R = La, Ce, Nd, Pm, Sm, 

Tb, Ac) display reduction free energies (at 0 K) close to the state-of-art solar thermochemical water 

splitting material CeO2. 

Perovskites with a rare earth element (R3+) as A-site cation and transition metal (e.g. Co3+) as B-

site cation can form identical valance charge (III-III) in their A-/B-site in RCoO3, and exhibit high 

electronic conductivity.[10] RCoO3 perovskites show temperature-induced insulator-to-metal and 

non-magnetic transitions, arising from the different electron configurations available to the Co3+ 

d6 cation. Bhide et al.[5, 6] studied LS-to-HS transitions in LaCoO3 across the temperature range 
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from 4.2 K up to 1200 K, and reported that at temperatures below 200 K, LS Co3+ dominates over 

HS. With increasing temperature, the population of Co3+ start to decrease from eg state and 

completely disappears at 1210 K. The spin-state equilibria in RCoO3 were also studied between 

110 – 550 K by Bose et al.[11] and found the coexistence of both LS and HS states. The structural, 

electrical and thermal conductivity of LaCoO3 were studied by Raccah and Goodenough,[3] 

reporting a first-order phase change at 1210 K and a higher-order transition in temperature interval 

between 398 − 648 K and 923 K. Furthermore, NdCoO3 exhibits high Seebeck coefficients at room 

temperature, making it a potential thermoelectric material.[12] Also, SmCoO3 exhibits excellent 

abilities as a gas-sensing material, as well as in proton SOFC electrode and methanol fuel cell 

applications.[13-15] 

The above discussions suggest that a rare-earth cation at A-site along with Co at B-site have the 

highest potentiality for use in high-temperature energy applications. Similar to the BaMO3 

perovskites studied in Chapter 3, the influence of the A-site element in the temperature-dependent 

thermochemical and reduction properties of RCoO3- has not been deeply investigated before. 

Chapter 4 reports the effect of the modification of the A-site element on the structural, 

thermochemical and reduction properties of RCoO3 (R = La, Ce, Nd, Sm) cobalt lanthanide-based 

perovskites. We limited our investigation with these elements considering the nearest-neighbor A-

site atomic number in this series suggested by Emery et al.[9] discarding Pm for their radioactive 

nature. The effect of the atomic number of R into electrical and thermochemical properties is 

shown here. Notably, cubic RCoO3 perovskites are considered here as perovskites are normally 

cubic at elevated temperature related to STWS and SOFC applications.[16] 
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4.2 Computational Methods 

Cubic RCoO3 (Pm3m) (R = La, Ce, Nd, Sm) unit cells were constructed by considering R atom 

at center point (0, 0 ,0), Co at the point (1/2, 1/2, 1/2) and three O atoms located at (0, 1/2, 1/2), 

(1/2, 1/2, 0), and (1/2, 0, 1/2) sites. The unit cells were optimized with spin-polarized DFT 

calculations using VASP.[17] All DFT calculations reported here were performed using the 

PBEsol[18] functional with PAW-PP.[19] BZ sampling was performed using a 4×4×4 Monkhorst-

Pack k-point scheme. The plane-wave basis set used a 500 eV cut-off criterion, and the total DFT 

energy was fully optimized with respect to ionic positions, cell shape and cell volume, using a 

convergence criterion of 1.0 x 10-8 eV. The equilibrium cell volumes of cubic RCoO3 were 

obtained through lattice optimization by calculating the ground state energies with respect to the 

corresponding cell volume of perovskites and fitting the data to the BM EOS.[20] Additional lattice 

optimizations were carried out with fixed equilibrium volume by relaxing cell shape and ion, so 

that a full minimization of the internal structural degrees of freedom is given to the atoms. The 

pure elemental ground-state structures are chosen from OQMD[21] and energy calculations were 

with the similar set up as described in Chapter 3 §3.2.1. 

A 2×2×2 RCoO3 supercell was used with the number of k points reduced accordingly to predict 

the thermochemical properties of RCoO3 and RCoO3- via DFPT,[22] which defines S, Cv, E and A 

as described in equations (2.54 − 2.57). Cp is then calculated using quassi-harmonic 

approximations as described in equation (2.58). This 2×2×2  supercell represents an ideal balance 

between computational efficiency and thermodynamic accuracy, as demonstrated in previous 

investigations[23] showing oxygen vacancy formation energy to be converged within this supercell 

size. The real-space force constants of the crystallographic supercells were calculated via finite 

differences (atomic displacements of 0.01 Å).[22, 24] Phonon modes were then calculated with a 
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Monkhorst-Pack[25] grid of 48×48×48 q points for the phonon wave vectors, using Phonopy.[26] 

The reduction free energies of RCoO3- were calculated using the methodologies described in 

Deml et al.[27, 28] and Ezbiri et al.[29] Single neutral oxygen vacancies were created by randomly 

removing one oxygen atom to afford =0.125 (i.e. a single oxygen vacancy in the 2×2×2 supercell). 

The structures of RCoO3- were fully optimized with cubic symmetry and under constant-volume 

conditions.[23, 28] 

 

4.3 Results and Discussion 

4.3.1 Trends in Lattice Structures and Formation Energies of Cubic RCoO3 

The optimized lattice constants are compared with available experimental data in Table 4.1. It is 

found that the equilibrium lattice parameters of cubic RCoO3 (R = La, Ce, Nd, Sm) perovskites 

using PBEsol functionals are between 3.69 to 3.79 Å, which are within 1% of the experimental 

results. Notably, the optimized lattice parameters of cubic RCoO3 show a linear correlation with 

the atomic number of A-site cation, whereas the values decrease with respect to the increasing 

atomic number of A-site cation. However, LaCoO3 and CeCoO3 exhibit identical theoretical lattice 

constants, while the experimental values differ by 0.02 Å. 

 

Table 4.1 Comparison of calculated and experimental lattice parameter of cubic (Pm3m) RCoO3. 

(a/Å)  LaCoO3 CeCoO3 NdCoO3 SmCoO3 

PBEsol-PAW  3.79 3.79 3.76 3.72 

Exp.  3.82[30, 31] 3.80[30] 3.77[30, 31] 3.75[31] 
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The standard formation energy of cubic RCoO3 perovskites was calculated from their elementary 

components using equations (3.5 – 3.7) and illustrated in Fig. 4.1. In contrast with the results 

presented in Chapter 3 for BaMO3 (M = Ti − Cu), where formation energies decrease linearly with 

the atomic number of B-site cation, here the formation energies of RCoO3 increase with the atomic 

number of the A-site cation. The energy difference across the A-site series of RCoO3 is between 

~2 − 30 kJ mol-1, meaning that perovskites with identical oxidation state (+III) at A and B-site 

(RCoO3; R = La, Ce, Nd, Sm) exhibit comparable formation energy, while mixed oxidation states 

between A and B sites (+II and +IV), like in BaMO3 (M = Ti – Cu) exhibit larger differences, ~80 

− 200 kJ mol-1, but ordered formation energies. These trends in formation energy were also 

observed by Calle-Vallejo et al.[32] for (Ca, Sr, Ba)MO3 with mixed A/B-site oxidation states, and 

(La, Y)CoO3 with identical A/B-site oxidation states. This is in agreement with the CeCoO3, 

NdCoO3 and SmCoO3 perovskites showed in this work. 

 

Fig. 4.1 Trends in calculated PBEsol-PAW ∆𝐺𝑓
0 values of RCoO3 (R = La, Ce, Nd, Sm) at 

standard conditions (p° = 1 atm, T = 298 K). 
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4.3.2 Reduction Thermochemistry of Cubic RCoO− at 0 K 

4.3.2.1 Oxygen Vacancy Formation Energies 

The oxygen vacancy formation energies (𝐸𝑣) of RCoO− for single neutral oxygen defect at 0 K 

is shown in Table 4.2. Comparing the 𝐸𝑣 values of RCoO−, it is clear that there exist two distinct 

scales of reduction free energies among the investigated perovskites. For instance, LaCoO− and 

CeCoO− exhibit 𝐸𝑣 values exceeding 330 kJ mol-1, while NdCoO− and SmCoO− have 𝐸𝑣 

values some 100 kJ mol-1 lower (< 230 kJ mol-1). The lower 𝐸𝑣 values here correspond to lower 

temperature thermal reduction. These results suggest that CeCoO is the most stable compound at 

0 K of those considered, while SmCoO is substantially easier to be found in a reduced form at 0 

K. With CeCoO− as an exception, the calculated 𝐸𝑣 values of RCoO− become less positive with 

increasing A-site cation atomic number. 

For the series studied in this thesis (Chapter 3 and Chapter 4), these trends in reduction free 

energy of ABO3 perovskites without thermal corrections can be described in terms of their A/B-

site cation atomic numbers. The reducibility of BaMO and RCoO3 at 0 K increase with the 

increasing atomic number of A/B-site cations from left to right in the periodic table. The difference 

between the 𝐸𝑣 values of first two compounds in RCoO3 series, i.e. LaCoO−  and CeCoO−  is 31 

kJ mol-1, whereas, between the last two compounds, NdCoO−  and SmCoO−  is 16 kJ mol-1, 

which are very minimal compared to the nearest neighbor compounds in BaMO− series discussed 

in Chapter 3. Thus, in general, it implies that the A-site atomic number have comparably less 

impact on reduction free energy than the B-site atomic number in ABO3 perovskites, at least for 

the investigated materials here. 
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Table 4.2 Calculated PBEsol-PAW 𝐸𝑣  (kJ mol-1) of cubic RCoO− without thermal 

corrections. 

T (K)  LaCoO3 CeCoO3 NdCoO3 SmCoO3 

0  336.18 367.38 227.82 211.74 

 

4.3.2.2 Electronic Structures Analysis: Effect of Oxygen Vacancy and A-site Cation 

Electronic structure analysis allows us to examine more closely the trends observed in oxygen 

vacancy formation energy of RCoO3- perovskites in terms of chemical bonding between R, Co 

and O. This section systematically investigates the electronic properties of all pristine and defect 

RCoO3- (R = La, Ce, Nd, Sm) structures through the electronic BS of perovskites and their 

corresponding PDOS. The charge partitioning of each cation and anion in respective perovskite is 

also characterized by effective Bader charges analysis and the localization vacancy site electrons 

to cations are shown by charge density distribution analysis. 

To understand the electronic occupation over energy states, the electronic BS of pristine- and 

defect-RCoO3- are illustrated over BZ as shown in Fig. 4.2(a-d). The PBEsol predicted BS of 

pristine-LaCoO3 gives a metallic state in accordance with the local spin density approximation,[33] 

where no bandgap is found in both spin-up and spin-down channels (Fig. 4.2(a)). However, the 

experimentally observed BS of LaCoO3 is found in the semiconducting state.[34] This is a well-

known factor that DFT underestimates the electronic band gap due to poor treatment of energy 

splitting between occupied and empty states,[35-39] yet generates the basic electronic structure to 

rationalize the electronic contributions of each species. 
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Fig. 4.2 Spin polarized electronic BS of representative 2 × 2 × 2 supercell of pristine-RCoO (R 

= La, Ce, Nd, Sm) (left) and defect-RCoO (right): (a) LaCoO, (b) CeCoO, (c) NdCoO, (d) 

SmCoO, along high symmetry directions in the BZ. The solid yellow and the dashed blue lines 

represent different spin channels (spin-up and spin-down, respectively). The black dashed lines 

represent the Fermi energy level of each perovskite set to 0 eV. 

 

Contrary, in defect supercell the spin-down channel presents a small bandgap still, the spin-up 

channel is metallic. The BS of CeCoO3 (Fig. 4.2(b)) is very similar to LaCoO3 bands, except that 

higher energy states above 4 eV are occupied due to Ce-4f bands. Furthermore, in defect-

CeCoO2.875 electronic structure, the bandgap between spin-down channels slightly shift up towards 

the Fermi level, indicating spin-up channels have dominating metallic behavior. 

In the pristine-NdCoO3 (Fig. 4.2(c)) and -SmCoO3 (Fig. 4.2(d)) electronic structures, both the 

spin-up and the spin-down channels indicate metallic behavior. Interestingly, the defect-

NdCoO2.875 exhibit a bandgap at Γ -point for spin-down bands, but the defect-SmCoO2.875 has no 

gap in between both channels. In all four cubic RCoO perovskites structures, Co3+ is a d6 center 

coordinated with O2- anions in octahedral coordination. The spin configuration of Co3+ in CoO6 

octahedra can exhibit LS (t2g
6eg

0, S=0) ground state phase to a HS (t2g
4eg

2, S=2) via an IS (t2g
5eg

1, 

S=1) due to its unusual magnetic behavior, where the stabilization of intermediate-spin state 

depends on the hybridization of Co-3d and O-2p orbitals.[40-42] Thus, the projection of the 

wavefunction on the localized states are shown here only for Co-site with 3d-t2g states (dxy, dyz and 

dxz), 3d-eg states (dz
2, dx

2
-y

2), and O-2p states. 

The PDOS of pristine-LaCoO show that (Fig. 4.3(a)), the occupation of d-t2g and d-t2g have 

the asymmetric population, where the peak DOS of d-t2g and d-t2g states are apparent near to the 
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Fermi level and below the Fermi level (~1 eV), respectively. On the other hand, the defect-

LaCoO reflects that the O-2p DOS become narrower over the energy range considered here. The 

d-p-d hybridization at the bottom edge of d-t2g and d-t2g states become weaken, which is an 

indication of Co-O bonds broken.  

The PDOS of pristine-CeCoO (Fig. 4.3(b)) has an almost similar occupation of states as 

observed in pristine-LaCoO; however, the oxygen vacancy impacts the overall O-2p DOS in the 

defective-CeCoO. Comparing the PDOS of pristine- and defect-CeCoO, it can be observed that, 

the O-2p DOS at spin-up channel lose its energy, but again gain that lost energy in Co-d-t2g states 

at the same energy level. Contrary, the band center of down-spin channel O-2p shifted upward to 

EF and lose hybridization at the bottom edge of d-t2g states. This can be rationalized with the 

energetic redistribution of O-2p electron density upon forming the oxygen vacancy.  

The pristine-NdCoO (Fig. 4.3(c)) and -SmCoO (Fig. 4.3(d)) have almost identical distributions 

of PDOS over the energy ranges, whereas the d-band center has slightly downshift from EF in 

SmCoO compared to NdCoO. On the other hand, the PDOS of O-2p shrink in defect structure 

for both perovskites, and the d-p-d hybridization becomes weak at the bottom edge of d-t2g states 

in the both up-/down-spin channels. The above results strongly suggest the reduction of Co3+ in all 

four defect structures occurred due to the loss of energy in Co-O bonding overlapping (d-p-d 

hybridization) point. 
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Fig. 4.3 PDOS of representative 2 × 2 × 2 supercell of pristine-RCoO (R = La, Ce, Nd, Sm) 

(left) and defect-RCoO− (right): (a) LaCoO, (b) CeCoO, (c) NdCoO, (d) SmCoO. The black 

dashed lines represent the Fermi energy level of each perovskite set to 0 eV. The color lines − blue, 

green and red represents the PDOS of corresponding Co-3d t2g, Co-3d eg and O-2p orbitals for 

respective RCoO perovskites. The arrow in the upper left/right depicted PDOS values for spin-

up/spin-down, respectively. 

 

Bader charge analysis[43] was performed in both pristine and defective supercells to compare and 

analyze the charge transfer and redistribution among ions in lattice from the vacancy site. The 

average charge partitioning schemes on cations and anions in pristine and defect-

RCoO− supercells are reported in Table 4.3. The charge accumulation from vacant site to the two 

nearest neighbor Co3+ cations are also included here. Comparing the charge distribution on each 

species in pristine cell, it is evident that the charge on A-site cations vary significantly (+1.99 to 

+2.21 e) among different compounds in RCoO− but found an almost identical charge on B-site 

cations irrespective of A-site cations (La, Ce, Nd) in RCoO−. That is, the identity of A-site cation 

has an insignificant effect on the assigned charge to B-site cation.  

Similar trends are observed on the partitioned charge of cations and anions in defect cells for all 

these three perovskites. The single exception from this trend are observed in SmCoO−, with a 

discrepancy of ~11% more positive charge assigned to B-site cation compare to other three 

perovskites. This difference could occur due to the average Co-O bond covalency accompanying 

different A-site cations, whereas substitution of smaller ion leads Co-O bond length compression. 

This is well justified in the PDOS of Co-3d and O-2p states of respective perovskites. 
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Table 4.3 Bader charge partitioning on R, Co and O (q in e) in the 2×2×2 pristine- and defect-

RCoO−  supercell. All values (qR, qCo, qO) are averaged over the number of species, where qCo1 and 

qCo2 represent the values for individual nearest neighbor B-site cations from vacancy site. 

 

 Pristine cell  Defect cell 

 
qR qCo qO 

 
qR qCo qO 

qCo1 

(NN) 

qCo2 

(NN) 

LaCoO3 +1.99 +1.42 -1.14  +1.97 +1.34 -1.5 +1.09 +1.1 

CeCoO3 +2.21 +1.42 -1.21  +2.18 +1.33 -1.22 +1.09 +1.08 

NdCoO3 +2.12 +1.43 -1.18  +2.10 +1.34 -1.19 +1.08 +1.1 

SmCoO3 +2.06 +1.58 -1.21  +2.04 +1.47 -1.22 +1.16 +1.18 

 

On the other hand, for a given RCoO− perovskite the charges on A-site cations have little 

decrement (~1%) from pristine to defect cells, whereas this decrease is substantial (~6-7%) for B-

site cations. Moreover, the two nearest neighbor B-site cations accumulated most of the transferred 

charge assigned to the Co3+ cations in defect cell, where these two NN-Co cations (Co1 and Co2 

as marked in Fig. 4.4(right)) mostly reduced than the other non-nearest neighbor B-site cations 

(see Table 4.3). Remarkably, the charge assigned to O anions in all pristine- and defect-RCoO−  

reveals that the negative charge on O anion increases only by 1% from their pristine cell. This 

implies that the charge from vacancy site mostly assigned to the B-site cations in RCoO−. 

Fig 4.4(a) shows the proportion of electric charge accepted by A- and B-site cations in defect-

RCoO−  supercell from the vacant oxygen site. The charge transferred to A-site cation varies 

between 0.17 to 0.22 e in RCoO−, where Ce cation in CeCoO− has dominant feature. On the 
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other hand, the B-site cation in SmCoO− accumulated the maximum quantity of charge (~0.84 e) 

in defect cell, where the quantity of charges remain almost invariant (~0.69±0.01 e) for other three 

perovskites. It seems from the figure that the identity of A-site cation has very little impact on 

charge accumulation from the vacant site. 

 

Fig. 4.4 (a) The proportion of electrons accumulated by A/B-site cations in the defect-RCoO− 

lattices. The grey and blue bars represent the amount of Bader charges (q in e) transferred from 

the vacant site to R and Co cations, respectively, in corresponding perovskites. (b) The percentage 

of electrons accepted by the two nearest neighbor Co3+ cations (position indicated in right side 

figure) from the total transferred charge to B-site cation in (a). 
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Fig. 4.5 Electronic CDD of representative (a) LaCoO−, (b) CeCoO−, (c) NdCoO−, (d) 

SmCoO−. The grey, blue and red spheres represent R (R = La, Ce, Nd, Sm), Co and O atoms, 

respectively. For the CDD analysis, 2×2×2 pristine-RCoO3 is taken as the reference density in all 

cases with an oxygen vacancy in the neutral charge state. CDD isosurfaces are drawn with a 

threshold of 0.002 e au-3; yellow/blue isosurface represents charge depletion/accumulation. 

 

Fig. 4.4(b) represents the percentage of electron charges accepted by the two nearest neighbor 

Co3+ cations in each defect cell of RCoO− perovskites. Comparably, the total negative charges 

transferred from the vacant site to the B-site cations in the lattice (Fig. 4.4(a)), are mostly 

redistributed (~93-95%) to their nearest neighbor Co3+ cations, where the rest ~5-7% charge 
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distributed to the non-nearest neighbor Co3+ cation. This reflects that the nature of charge 

delocalization from vacant site to the B-site cations generates the reduction of two NN-Co cations 

upon oxygen vacancy formation. In order to study the charge delocalization, a CDD analysis is 

performed and shown in Fig. 4.5, which has an exact agreement with the Bader charge analysis. 

 

4.3.3 Reduction Thermochemistry of Cubic RCoO− with Thermal Corrections 

4.3.3.1 Temperature-Dependent Reduction Free Energies 

The reduction free energies of cubic RCoO− with thermal corrections are discussed here at 

standard conditions and high-temperature. Table 4.4 shows that the inclusion of temperature-

dependent thermal corrections to 𝐸𝑣 values of RCoO3-δ significantly impact their Gibbs free 

energies of reduction (∆GRR), even under standard conditions. At standard conditions, the 

reducibility of RCoO3-δ increases almost 20% from their 0 K energy. 

Table 4.4 Calculated PBEsol-PAW ∆GRR (kJ mol-1) of cubic RCoO− at standard condition. 

T (K)  LaCoO3 CeCoO3 NdCoO3 SmCoO3 

298.15  268.95 305.31 175.71 179.69 

 

Fig. 4.6 shows the ∆GRR with the variation of temperature between 0 – 1800 K. Within this range 

of temperature all four RCoO3-δ perovskites are predicted to undergo spontaneous reduction 

reactions (∆GRR ≤ 0) (Fig. 4.6), however, the spontaneous reduction temperature varies with 

respect to the change of A-site cations. For instance, the reduction of LaCoO3 to LaCoO2.875 is 36 

kJ mol-1 less endothermic than the reduction of CeCoO3 to CeCoO2.875 at standard conditions, 

whereas the reduction of SmCoO3 is unexpectedly 4 kJ mol-1 more endothermic than the reduction 

of NdCoO3. Though the reduction of SmCoO3 shows a significant deviation in ∆GRR values at high 
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temperatures from its standard conditions. For example, the ∆GRR value of SmCoO3- is 93 kJ mol-

1 at 1000 K, differs by 59 kJ mol-1 more than the nearest neighbor compounds NdCoO3- and most 

surprisingly 21 kJ mol-1 more endothermic than LaCoO3-. This suggests that SmCoO3 is 

comparably more stable at high temperature than LaCoO3 and NdCoO3. SmCoO3- is found to be 

undergone spontaneous reduction reaction at a maximum temperature of ~1640 K. 

 

Fig. 4.6 Calculated PBEsol-PAW ∆GRR values (kJ mol-1, per single oxygen defect) (equation 

(3.9)) for RCoO3-δ (R = La, Ce, Nd, Sm) with thermal corrections between 0 – 1800 K and p° = 1 

atm. Below the straight horizontal dashed line, all ∆GRR < 0 at PO2 = 10-6 atm. 

 

On the other hand, NdCoO3- is observed to be ∆GRR ≤ 0 states at the minimal temperature (~1160 

K) in this RCoO− series, where LaCoO3- has negative ∆GRR value above 1240 K. Besides, the 

loss of ∆GRR values for CeCoO3- increase significantly with temperature and endured ∆GRR ≤ 0 

states at 1510 K, a loss of 306 kJ mol-1 from its standard conditions. The spontaneous reduction of 

RCoO3- with thermal corrections at high-temperature follow the trends with an order of increasing 

temperature: NdCoO3- < LaCoO3- < CeCoO3- < SmCoO3-. This vibrational contributions have 

significant impact at high-temperature on the ∆GRR values of respective RCoO3-δ, For example, at 
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1500 K the entropic contributions of LaCoO3- on ∆GRR values is 40 kJ mol-1 higher than CeCoO3-

, which leads LaCoO3- to undergo spontaneous reduction earlier than CeCoO3-. In contrast, the 

entropic contributions of SmCoO3- is 57 kJ mol-1 less than NdCoO3- (Fig. 4.7(a, b)). As a result, 

LaCoO3 and NdCoO3 achieve negative ∆GRR values at lower temperatures than CeCoO3 and 

SmCoO3, respectively. 

 

Fig. 4.7 Calculated PBEsol-PAW entropy, S (J K-1 mol-1) of (a) pristine-RCoO3 and (b) 

defective-RCoO3-δ between 0 – 1800 K using 2 × 2 × 2 supercells. 

 

The negative ∆GRR values observed in RCoO3-δ perovskites within the temperature range 1100 – 

1700 K, make them ideal candidates for solar-to-fuel conversion applications.[44] Indeed, LaCoO3, 

CeCoO3, NdCoO3 and SmCoO3 have been recommended for solar thermal water splitting 

applications in literature based on the oxygen vacancy formation energies at 0 K,[9] which hold 

true at high temperature with the thermal corrections. Furthermore, these perovskites have been 

widely investigated for SOFC cathodes,[45-52] where LaCoO3 is considered as one of the best 

cathode materials for HT-SOFC applications and NdCoO3 show it’s potentiality as IT-SOFC 

cathode. 
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4.3.3.2 Phonon Analysis: Effect of A-site Cation and Oxygen Vacancy 

The VDOS of representative pristine- and defect-RCoO3-δ structures (R = La, Ce, Nd, Sm) are 

compared in Fig. 4.8(a-f). From the figures, it is clear that the oxygen vacancy substantially 

reduces the amplitude of phonon frequencies in low-, intermediate- and high-energy levels 

associated with cations and anions vibrations in defect-RCoO3-δ structures. For instance, the 

phonon frequencies associated with A-site cation in pristine-RCoO3-δ occurs between 0−150 cm-1 

(Fig. 4.8(a)), whereas the principle modes are observed between 70~110 cm-1. The amplitude of 

A-site cations gradually increases but shifts from higher to lower energy ranges between La3+ to 

Sm3+ with respect to their decreasing mass of ionic radii. On the other hand, the opposite trends 

are observed in defect-RCoO3-δ structures (Fig. 4.8(b)), where there is a sharp fall on vibrational 

amplitudes of A-site cations. Notably, the peak amplitude of phonon frequencies related to the 

Ce3+ cation dominates the La3+. This indicates that the neutral oxygen vacancy in RCoO3-δ lattice 

constricts the vibration motions of A-site cations. 

Contrary, Co3+ cations in pristine-RCoO3-δ lattices oscillate mostly between 200 − 400 cm-1 and 

with a distinct gap vibrate between 600 − 700 cm-1 (Fig. 4.8(c)). Remarkably there are two peak 

points (at ~250 and ~350 cm-1) of Co3+ VDOS between 200 − 400 cm-1 for all perovskites, where 

additional VDOS peak is observed at high energy levels between 580 − 670 cm-1. The peak point 

of phonon amplitude reduces moving across LaCoO3-δ to SmCoO3-δ, and corresponding phonon 

frequencies shifted to higher energy level from left to right in this series. 
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Fig. 4.8 VDOS of R3+ cations in (a) pristine-RCoO and (b) defect-RCoO−; VDOS of Co3+ 

cations in (c) pristine-RCoO and (d) defect-RCoO−; VDOS of O2- anions in (e) pristine-RCoO 

and (f) defect-RCoO−, calculated using 2 × 2 × 2 supercells by PBEsol functional. 
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On the other hand, there is a dramatic change in phonon modes of Co3+ cations in their defect 

structures. The principle phonon modes in defect structures are observed at ~300 cm-1 with a lesser 

extent of amplitude than the pristine VDOS for all four perovskites, and the phonon energy gap 

substantially reduce between 400 − 600 cm-1 (Fig. 4.8(d)). Additionally, the VDOS associated with 

O2- vibrations in pristine and defect-RCoO3-δ lattice oscillate almost within identical frequency 

ranges to that of Co3+ cations, where the principles modes are also observed between 580 − 670 

cm-1 (Fig. 4.8(e, f)). This indicates that the introduction of neutral vacancy defect impacts the 

overall defective CoO3
2- breathing modes, where the net amplitude decreases considerably. 

To sum up, altering the A-site cations by rare-earth elements in RCoO3-δ have the following 

consequence on phonon DOS: In pristine RCoO3-δ lattices, (I) the phonon frequencies related to 

R3+ cations shift from higher to lower energy ranges with the increasing atomic number of A-site 

cations but follow the reverse trends with the phonon frequencies related to the Co3+ cations and 

O2- anions, (II) the net amplitude of R3+ phonon frequencies increases from left to right in this 

series but decrease for  Co3+ cations and O2- anions; In defect-RCoO3-δ lattices, (III) all the phonon 

frequencies associated with two cations, and O2- anions shift from lower to higher energy level 

moving across LaCoO3-δ to SmCoO3-δ lattices, (IV) the amplitude of phonon frequencies for all 

cations and anions decreases from La to Sm at A-site with the exception that Ce dominates La. 

Since the DOS energetic of respective perovskite are originating from the individual contribution 

of elementary ions, thus these trends can be rationalized in terms of their energy requirement to 

form oxygen vacancy reported in Table. 4.2. 
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4.3.4 Thermochemical Properties and Phonon Dispersions of Cubic RCoO3 

4.3.4.1 Effect of A-site Cation on Thermochemical Properties 

To understand the existing trends in thermochemical properties of cubic RCoO3 (R = La, Ce, Nd, 

Sm), the S, Cp and (H(T)-H(298.15)) values are compared in Fig. 4.9(a-c) between 0 – 1800 K. 

Corresponding values at standard conditions are reported in Table 4.5. At room temperature, S 

values decrease with decreasing ionic radius of A-site cation, with the single exception of CeCoO3. 

Interestingly, the S value of CeCoO3 is 5 J K-1 mol-1 higher than LaCoO3 at standard conditions. 

Table 4.5 Calculated PBEsol-PAW S and Cp values of cubic RCoO3 at standard condition. 

(J K-1 mol-1) LaCoO3 CeCoO3 NdCoO3 SmCoO3 

S  110.28 115.62 108.52 106.30 

Cp  92.32 92.49 87.99 83.12 

  

This difference of S between LaCoO3 and CeCoO3 is maintained over the whole temperature 

range considered here (Fig. 4.9(a)). For instance, the difference between S values among LaCoO3 

and CeCoO3 remains ~5 J K-1 mol-1, even at 1800 K, whereas the entropy of both perovskites 

increases by ~187 J K-1 mol-1 from their respective standard condition values. Conversely, the S 

values of NdCoO3 and SmCoO3 exhibit a difference of ~181 and ~172 J K-1 mol-1 respectively, at 

1800 K from their room temperature. At standard conditions, the Cp values differ fractionally 

between LaCoO3 and CeCoO3 but in a general decrease from left to right in RCoO3 series (Table 

4.5), which hold the equal trend of S values. The variation of Cp values of RCoO3 perovskites with 

temperature is presented in Fig. 4.9 (b) from 0 to 1800 K. In general, Cp curves follow Debye T3 

law at low temperature below 500 K and increase monotonically with increasing temperature. 
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Fig. 4.9 Calculated PBEsol-PAW (a) S (J K-1 mol-1), (b) Cp (J K-1 mol-1), and (c) (H(T)-

H(298.15)) (kJ mol-1) of the primitive unit cell of RCoO3 (R = La, Ce, Nd, Sm) between 0 – 1800 

K. Note the difference between these entropies and those presented in Fig. 4.7 is due to the size of 

the periodic cell used in each case. 
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However, at high temperature, quasi-harmonic effects on specific heat deviate its value by from 

the classical Dulong-Petit’s law. Interestingly, Cp values of LaCoO3 and CeCoO3 are almost 

identical at all temperatures, consistent with the similarity in their phonon BS. The Cp values of 

LaCoO3 and CeCoO3 increase up to 126 J K-1 mol-1 at 1800 K (a difference of 34 J K-1 mol-1 from 

standard conditions), where for NdCoO3 and SmCoO3, these values are less than 3 and 8 J K-1 mol-

1 , respectively from LaCoO3. That implies that the variation in the vibrational contribution of A-

site cations influences the fluctuation in specific heat values among RCoO3. The quasi-harmonic 

contributions of RCoO3 arising from thermal expansion coefficient, bulk modulus and volume 

changes with temperature are provided in appendix (Fig. 6.2). 

The calculated (H(T)-H(298.15)) values of RCoO3 over the temperature range from 0 to 1800 K 

is shown in Fig. 4.9(c). The relative molar enthalpies increase linearly with increasing temperature, 

where the trend of increasing (H(T)-H(298.15)) values as a function of temperature maintain 

similar pattern in RCoO3 series as observed in S and Cp values. At 500 K, LaCoO3, CeCoO3 and 

NdCoO3 have almost identical (H(T)-H(298.15)) values of ~20 kJ mol-1. With increasing 

temperature, these differences become larger, where (H(T)-H(298.15)) value of LaCoO3 is found 

around ~161 kJ mol-1 at 1800 K. At an equivalent temperature, the (H(T)-H(298.15)) values of 

CeCoO3 and NdCoO3 are respectively, 1 and 6 kJ mol-1 less than LaCoO3. However, (H(T)-

H(298.15)) values of SmCoO3 significantly differ from LaCoO3 at high temperature. For instance, 

at 1800 K, the difference between SmCoO3 with LaCoO3 are 14 kJ mol-1. 

 

4.3.4.2 Effect of A-site Cation on Phonon Dispersions and VDOS 

The phonon BS of optimized cubic RCoO3 (R = La, Ce, Nd, Sm) are compared in Fig. 4.10(a-d) 

for the high-symmetry points in BZ. All cubic structures exhibit imaginary frequencies at the M, 
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R and X points, and there are additional negative frequencies at Γ point for SmCoO3. This is likely 

due to the phase transition of these crystal structures in cubic structure from their stable ground 

structures in orthorhombic phase[53] (See the discussion of similar phonon dispersions analysis of 

BaCeO3 (§2.4.2) in Chapter 2. The origin of imaginary phonon modes due to phase transition from 

experimentally observed ground state orthorhombic phase to high-temperature cubic phase are 

shown in Fig. 2.4). In all RCoO3 perovskite, the negative frequencies at R point below -200 cm-1 

arise from the out-of-phase octahedral rotations (see Fig. 4.10(e)). Similarly, the more moderate 

instabilities at M point in each of these compounds originate from in-phase octahedral rotations 

within the CoO3 sublattice. The weaker instabilities at X point below -100 cm-1 arise from a 

breathing mode within individual CoO6 octahedra. The existence of soft modes at the Γ point (~ -

50 cm-1) in SmCoO3 (Fig. 4.10(d)), corresponding to the motion of CoO6 octahedra against the 

Sm3+ A-site cation. The corresponding imaginary phonon modes of the respective crystal structure 

were accounted for predicting their thermodynamic properties shown in Fig. 4.9. 

The projected VDOS on each atom is given in Fig. 4.10(right) to show the detailed contribution 

from each component of the ionic lattice. The phonon modes relating to the La3+ cation in LaCoO3 

are primarily distributed over the acoustic branches in the range of 0 – 150 cm-1, where Co3+ mostly 

propagated from 150 to 350 cm-1 (Fig. 4.10(a (right)). The high energy optical phonon modes are 

dominated by O2- anions over the frequency range 575 - 650 cm-1. The distribution of vibrational 

contributions of Ce3+, Co3+ and O2- in CeCoO3 (Fig. 4.10(b (right)) have almost identical 

characteristics as seen for LaCoO3.  
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Fig. 4.10 Calculated PBEsol-PAW phonon dispersion curves (left) and VDOS (right) for the 

cubic unit cells of (a) LaCoO3, (b) CeCoO3, (c) NdCoO3, (d) SmCoO3; (e) depiction of unstable 

phonon modes at M-, R- and X-points in RCoO3. 

 

However, the phonon frequency of Co3+ and O2- in NdCoO3 (Fig. 4.10(c (right)) is higher by 

comparison than LaCoO3 and CeCoO3. For instance, the optical phonon modes governed by O2- in 

NdCoO3 are roughly distributed between 620 – 675 cm-1, while Co3+ lies in the range of 200 – 375 

cm-1. Nevertheless, vibrational modes dominated by Nd3+ are observed between 0 – 150 cm-1, 

similar to the other RCoO3 compounds considered here (Fig. 4.10(c)). In the case of SmCoO3, the 

vibration of both Co3+ and O2- are shifted up by ~30 cm-1 (Fig. 4.10(d (right)), while the Sm3+ 

cation predominantly contributes to modes between 0 – 150 cm-1. 

Comparing all the vibrational frequencies and amplitude of A-site, B-site cation and O2- in all 

investigated RCoO3 (Fig. 4.10(a-d (right)), it is evident that the vibrational amplitude of all cations 

and anions gradually decreases with respect to their decreasing ionic radii of the A-site cation. 

This is a clear indication of the reduction in lattice energy from LaCoO3 to SmCoO3. Notably, the 

principle vibrational mode of the A-site cation is observed at ~100 cm-1, where there is no shift in 

either of these cations from La3+ to Sm3+ in RCoO3 series. On the other hand, the principle mode 

of vibration associated with Co3+ in RCoO3, is at ~250 cm-1, while there is a secondary mode at 

~350 cm-1. The most noticeable change in phonon vibration is observed in the O2- modes in RCoO3, 

which exhibit a large shift from LaCoO3 to SmCoO3. However, the amplitude of these phonon 

modes decreases along the series, indicating a proportional relationship with the ionic radius of 

the A-site cation. 
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4.4 Conclusion 

In this chapter, the existence of generalized trends in the structural, thermochemical and 

reduction properties of cubic RCoO3 (R = La, Ce, Nd, Sm) perovskites are identified. Overall, the 

lattice parameters of RCoO3 decreases with respect to the increasing atomic number of A-site 

cation except for CeCoO3. The formation energies of RCoO3 have minor increases with the 

increasing atomic number of A-site cation. That is, perovskite become less stable from LaCoO3 to 

SmCoO3. Analysis of oxygen vacancy formation energies of RCoO3 without thermal corrections 

show that, LaCoO3 and CeCoO3 are energetically less favorable in reduction than NdCoO3 and 

SmCoO3. The electronic structure analysis confirms the reduction of B-site cation, where the 

released electrons from vacancy site are primarily accepted by the two nearest neighbor B-site 

cations in defect RCoO3- lattices. However, vibrational contributions at high-temperature made 

significant deviation in the reduction trends of RCoO3 earlier observed at 0 K, where SmCoO3 

become the energetically least favorable and NdCoO3 dominates all other perovskites in this series 

to be reduced. This can be rationalized to their corresponding entropic contributions which 

noticeably vary between pristine and defect structures of RCoO3- perovskites with increasing 

temperature. 

Analysis of pristine- and defect-RCoO3- phonon frequencies confirm that the overall phonon 

amplitudes associated with cations and anions substantially decrease upon oxygen vacancy 

formation. In addition, oxygen vacancy has a direct impact on the propagation of phonon 

frequencies of cations and anions in RCoO3- over the considered energy levels. Consequently, the 

thermochemical properties such as entropies, specific heats and relative molar enthalpies of 

pristine- and defect-RCoO3 follow their respective phonon trends. Nevertheless, the reported 

reduction thermochemistry of RCoO3- (R = La, Ce, Nd, Sm) with/without thermal correction gives 
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two general trends in an order of increasing reducibility: (i) without thermal corrections, LaCoO3-

 < CeCoO3- < NdCoO3- < SmCoO3-, and (ii) with thermal correction, SmCoO3- < CeCoO3- < 

LaCoO3-  < NdCoO3-. All these generalized trends can be used to predict other perovskites in 

lanthanide series and their potential application in the field of SOFC and STWS applications. 
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Chapter 5: Conclusions and Future Work 

 

5.1 Conclusions 

In this thesis, the existence of generalized trends in the structural, thermochemical and reduction 

properties of alkaline-earth metal oxides (BaMO3; M = Ti − Cu) and rare-earth cobalt oxides 

(RCoO3; R = La, Ce, Nd, Sm) have been established and examined using first-principles 

calculations. These properties are characterised with the consideration of: 

(I) the effects of B-site cation in BaMO3 and A-site cation in RCoO3 perovskites by 

systematically altering the B-site or A-site cation respectively, 

(II) the effects of cations with mixed oxidation states (BaMO3) and identical oxidation 

states (RCoO3), 

(III) the effects of oxygen vacancies on reduction properties of BaMO3 and RCoO3, and 

(IV) the effects of temperature on the thermochemical properties and reduction 

thermochemistry of BaMO3 and RCoO3. 

Assessing the effects of A-site and B-site cations in these perovskites gives a general framework 

by which appropriate A-site and B-site cations in ABO3 perovskites can be selected for target 

functionalities, via a relatively fast and cost-effective approach. This will enable rapid pre-

screening of many candidate perovskite materials in future that can guide subsequent experimental 

investigation for related energy applications. 

From the trends in formation energies of BaMO3 and RCoO3, it is evident that the formation 

energies of ABO3 perovskites are linearly correlated with their atomic number of A-/B-site cation, 

whereas it increases significantly with the increasing atomic number of B-site cation for a given 

period, but slightly with the increasing atomic number of A-site cation. The substantial difference 
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in these trends between these two groups of perovskites can be rationalised in terms of the 

coulombic interaction realised by A-O and B-O interactions in the ionic crystal. Perovskites with 

mixed oxidation state cations (i.e. BaMO3) have a larger charge difference among different B-site 

cations from left to the right in the periodic table as observed from Bader charge analyses, while 

perovskite with cations of identical oxidation states (RCoO3) have small charge difference among 

different A-site cation. 

The oxygen vacancy formation energies of BaMO3 and RCoO3 become less positive at 0 K, 

moving from BaTiO3 to BaCuO3 and from LaCoO3 to SmCoO3 in the respective group of 

perovskites. That is, the reducibility of these perovskites increase consistently across the respective 

period. As observed for BaMO3 and RCoO3 formation energies, this trend regarding the degree of 

reducibility is more marked along the 3d metal series BaMO3 (M = Ti to Cu) than it is for the rare-

earth series RCoO3 (R = La to Sm). Irrespective of these trends; however, the incorporation of 

thermal corrections into reduction free energies have a far more substantial effect for both groups 

of perovskites, where they deviate from their linear correlation at high-temperature. This deviation 

is ascribed to the temperature-dependent entropic contributions of individual perovskite into its 

reduction free energy. 

The temperature-dependent thermochemical properties of defect-free BaMO3 and RCoO3 show 

that, at an equivalent temperature the entropy, specific heat and relative molar enthalpies have 

higher values from left to the right in BaMO3 series, while this trend is reversed in RCoO3 series. 

These two opposite trends can be attributed to their phonon contribution of respective perovskite. 

Analysis of the vibrational contributions of individual ion in respective perovskite among these 

two groups confirms that the amplitude of cations and anions gradually increase from BaTiO3 to 

BaCuO3 in BaMO3 series, whereas the reverse trend is observed from LaCoO3 to SmCoO3 in 
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RCoO3 series. Additionally, the phonon frequencies associated with B-site cation and O2- anion 

shift from higher to lower energy levels from Ti to Cu at B-site in BaMO3 series, while the opposite 

trend is found in RCoO3 series from La to Sm at A-site. However, the thermochemical properties 

of oxygen-deficient BaMO3 and RCoO3 at high-temperatures do not follow these linear trends due 

to the inconsistent entropic contributions from defective perovskites, which ultimately influence 

their deviation of trends in reduction free energies at high-temperatures. 

In summary, comparing the effects of A-site and B-site cations in ABO3 perovskites, it seems 

that the B-site cation has dominant effects on the structural, thermochemical and reduction 

properties of ABO3 perovskites for the investigated materials in this thesis. 

    

5.2 Future Work 

This thesis has established an accurate DFT protocol for modelling the lattice structure, phonon 

and vibrational properties of BaXO3 (X = Ce, Zr, Mn) perovskite materials (Chapter 2) and 

benchmarked against experimental data where possible. Then the developed DFT protocol was 

applied to the calculation of electronic and phonon properties of BaMO3 (M = Ti − Cu) and RCoO3 

(R = La, Ce, Nd, Sm), which in turn were used to predict their thermochemical properties and 

reduction thermochemistry properties (Chapter 3 & 4). The thermochemical properties obtained 

via this method showed excellent agreement with available experimental data, and so it is 

recommended as a facile alternative to the experimental design of new perovskite-based materials 

for high-temperature applications. The following possible combination of altering A/B-site 

cations, partial or co-doping of both cations in ABO3 perovskite materials are recommended for 

future investigations. 
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5.2.1 Altering A- and B-site Cation in ABO3 Perovskites 

On the basis of this thesis, a study of other alkaline-earth A-site cations (e.g. Sr, Ca) with the 

similar 3d transition metals (Ti − Cu) at B-site, will allow trends reported in this thesis to be 

expanded to a generalized model mixed valance charge state (II-IV) cations in the reduction 

thermochemistry of these materials. Investigation of the A-site rare-earth series (La-Yb) with 3d 

transition metals (Ti − Cu) in the B-site would extend the present results concerning mixed-valence 

ions to the properties of ABO3 perovskites with identical valence charge states (III-III). 

Additionally, it will also be interesting to investigate alkaline metals (Na, K) at A-site and 3d 

metals at B-site to identify the effects of mixed valance charge state (I-V) on these reduction 

properties. Moreover, substituting B-site cations with 4d and 5d metal series with all above rare-

earth, alkaline-earth and alkaline metals at A-site will give a general overview of B-site cations 

effect in ABO3 perovskites and to design an accurate framework for reduction thermochemistry 

trends exiting in the periodic table related to energy applications. 

 

5.2.2 Doping A-site Cation in ABO3 Perovskites 

A particularly relevant avenue for further research, considering recent experimental works, is the 

study of doped perovskites.[1-5] For instance, doping the A-site Ba2+ cation with other alkaline-

earth metals, e.g. Sr2+, in BaFeO3 are beneficial for higher reduction extent.[4] Thus, partial 

substitution of Ba2+ with Sr2+ in BaMO3 (M = Ti − Cu) series would be interesting for investigating 

the reduction thermochemistry of Ba1-xSrxMO3 perovskites. In addition, doping lower charge 

cation (e.g. Ca2+, Sr2+) with higher charge cations (e.g. La3+) in the A-site of RCoO3 perovskites 

are found very influential for maximal O2 evolution,[1, 3, 5] as the mixed charge at A-site increase 

the oxidation state of B-site, which further enhance the reduction extent. The amount of dopant 
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concentration will also have an impact on the reduction thermochemistry of La1-x(Ca/Sr)xCoO3. 

Therefore, the influence of these two dopants (Ca2+ and Sr2+) with other lanthanide cations (e.g. 

Ce3+, Nd3+, Sm3+) in RCoO3 series are recommended for exploration, so that trends in high-

temperature oxygen reduction reaction can be elucidated. 

 

5.2.3 Doping B-site Cation in ABO3 Perovskites 

The beneficial effect of Ce3+ cation substitution on B-site in BaMnO3 has been investigated 

recently,[6] and was shown to yield faster reaction kinetics and higher reduction extents due to 

optimized oxygen vacancy formation energy. Hence, Ce3+ could be considered as a B-site dopant 

in BaMO3 perovskites series (M = Ti − Cu). On the other hand, Al3+ doping at B-site in LaMnO3 

perovskite stabilizes the perovskite structure by decreasing the cell volume due to stronger atomic 

interaction. In pure LaMnO3 reduction, the B-site cation Mn4+ first reduce to Mn3+ which further 

undergoes from Mn3+ to energetically favorable Mn2+.[7] By contrast, the presence of Al3+ in 

LaMnO3 promotes the reduction of Mn4+ to Mn3+ but prevents the second reduction of Mn3+ to 

Mn2+, which is beneficial for releasing more O2 during reduction.[8] So, introducing Al3+ dopant at 

B-site in RCoO3 perovskite series is recommended for future investigations, so as to ascertain the 

B-site doping effects of RCoO3. 

 

5.2.4 The Combination of A- and B-site Doping in ABO3 Perovskites 

Substitution of Ba2+ with Sr2+ at A-site and Co4+ with Fe4+ at B-site in BaCoO3 show increasing 

O2 production rate,[9] which can further be studied for BaMO3 series. Similar dopant elements at 

A- and B-site in LaCoO3 have also been reported to promote O2 production.[4] Additionally, 

replacing B-site Fe3+ dopant by Cr3+ in (La, Sr)CoO3  seems beneficial to increase reduction 
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extents.[10] Ca2+ or Sr2+ dopant at A-site and Al3+, Ga3+, Sc3+, Cr3+, Fe3+ dopant at B-site in LaMnO3 

have also been widely investigated for oxygen reduction reaction and solar-driven fuel 

production.[2, 11-16] Therefore, doping with the identical elements of +III valance charge state on 

the B-site and +II valence charge state on the A-site in RCoO3 (R = La, Ce, Nd, Sm) perovskite 

series are potentially relevant materials to consider with respect to the oxygen reduction reaction, 

due to the fact that the mixed charged state cations must be compensated by charged vacancies or 

electronic defects (holes). As the oxygen vacancies prevail over electronic defects at high 

temperatures, mixed valance states will be balanced by oxygen vacancy.[17, 18] 
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Chapter 6: Appendix 

 

Fig. 6.1 Variation with temperature (0 – 2000 K) of the calculated BaMO3 (M = Ti − Cu) properties 

from quasi-harmonic approximation: (a) thermal expansion (α/K-1), (b) bulk modulus (B/GPa), (c) 

volume (V/Å). 
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Fig. 6.2 Variation with temperature (0 – 2000 K) of the calculated RCoO3 (R = La, Ce, Nd, Sm) 

properties from quasi-harmonic approximation: (a) thermal expansion (α/K-1), (b) bulk modulus 

(B/GPa), (c) volume (V/Å).
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Fig. 1.6(a): 
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Fig. 1.6(b): 
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Fig. 1.7(a): 
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Fig. 1.7(b): 
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Fig. 1.8(a): 
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Fig. 1.8(b): 
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Fig. 1.8(c): 
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Fig. 1.9: 
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Fig. 1.10: 
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Fig. 1.11: 
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Fig. 1.12(a): 
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Fig. 1.12(b): 
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Fig. 1.12(c): 
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Fig. 2.1: 

 

 

 

  

 

 




